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Table of symbols and abbreviations  

Symbol Unit Description 

   

d µm laser spot diameter 

D10 µm lower particle diameter with 10 % volume fraction  

D50 µm lower particle diameter with 50 % volume fraction  

D90 µm lower particle diameter with 90 % volume fraction  

h µm hatch distance 

l µm layer thickness 

nabs - normalized number of particles  

nnorm - absolute number of particles  

PL W laser power 

TB °C build platform temperature  

vs m/s scan speed 

 

Abbreviation Description 

  

Aleq aluminum equivalent  

bcc body centered cubic 

DED  directed energy deposition 

EDS energy dispersive x-ray spectroscopy 

EIGA electrode induction melting inert gas atomization 

hcp hexagonal close packed 

Moeq molybdenum equivalent 

PBF-LB/M powder bed fusion of metals with laser beam 

PIGA  plasma inert gas atomization 

WAAM wire arc additive manufacturing  
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2 State of the art 

2.1 Laser powder bed fusion of metals (PBF-LB/M) 

Laser powder bed fusion (PBF-LB/M) is currently the most widely applied process for additive 

manufacturing of metals in industry as well as in research [11]. The following chapter describes 

the fundamental process characteristics and gives an overview of the current state of the art of 

in-situ alloy formation during PBF-LB/M. 

Note: PBF-LB/M is still at its infancy compared to established manufacturing technologies. 

The standardization process is ongoing, and the terminology is continuously developing. 

Hence, in some journal publications which are part of this cumulative thesis the older term L-

PBF is used, while in the majority of this work the term PBF-LB/M is used in accordance with 

the latest version of DIN EN ISO / ASTM 52900 [12]. However, both terms refer to the same 

process.  

2.1.1 Fundamental process characteristics  

PBF-LB/M [12] is an additive manufacturing technology that comprises the layer-wise fusion 

of metal powder. By selectively melting the powder with a laser beam within each layer and 

repeating the process of recoating a new powder layer and exposing it with the laser beam, the 

part geometry is created. The entire process is automated and based on digital data of the part 

to be produced.  

  

Figure 1: Schematic of the PBF-LB/M process [13]  

Modern PBF-LB/M machines can operate not only one, but also multiple independent lasers to 

increase the build speed [14]. Typically, infrared single mode fiber lasers and galvanometer 

scanner optics with a resulting laser spot diameter in the process zone between 30 µm and 200 
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µm and a Gaussian beam profile are used for PBF-LB/M. Other laser types like frequency dou-

bled disc lasers emitting at 515 nm that promise benefits when manufacturing certain materials 

such as copper which are highly reflective for infrared radiation became only very recently 

available [15], but are not common. Also, laser beam sources and optical systems with beam 

shaping capabilities and hence different beam profiles than the Gaussian profile of standard 

fiber lasers are currently under investigation [16]. This offers an additional degree of process 

control, e.g. for reducing of spatters [17] or for influencing the solidification behavior [18], but 

is also not yet state of the art.  

To fuse the powder particles, high energy densities in the process zone are applied, which cause 

evaporation of the metal and, as a consequence, a high process dynamic [19]. This includes 

movement of the molten metal within the meltpool itself, but also the ejection of melt spatters 

[20] and movement of surrounding powder particles, which are affected by the evaporation 

driven gas jet in the vicinity of the process zone [21]. Process simulation and high speed images 

[22] show the formation of a so-called denudation zone at the flanks of the melt track when 

powder particles are dragged into the process zone by the gas movement. Besides the gas 

streams driven by the laser material interaction, a forced gas stream above the build plane is a 

necessary part of the PBF-LB/M process, as it removes detrimental process by-products like 

metal condensate and spatters [23].  

Resulting from the complex physics behind PBF-LB/M a multitude of interdependent parame-

ters needs to be controlled to ensure a stable process. This includes the parameters directly 

linked to the laser process like laser power, scan speed and beam properties, geometrical pa-

rameters describing the scan pattern like hatch distance or contour exposure and machine pa-

rameters such as build platform pre-heating temperature or gas flow rate. While a more com-

plete description is given elsewhere (e.g. in [24]) Table 1 provides an overview of the most 

important PBF-LB/M process parameters, which are also subject of the investigations presented 

in this work. It is noted that PBF-LB/M machines are commonly calibrated in a way that the 

parameter values inserted into the machine control correspond with reasonable accuracy to the 

actual values on the build platform. E.g. losses of laser power along the optical path are com-

pensated by correction tables, which are determined by laser power measurements. For further 

information please refer to relevant standards such as ISO/ASTM 52930:2021 [25].  

Table 1: Selected PBF-LB/M process parameters 

Parameter  Unit Description  

Laser power W Incident laser power on build plane 

Scan speed  mm/s Movement speed of the laser spot over the build plane  

Laser spot diameter  µm Diameter of the laser spot in the build plane  

Hatch distance  µm Distance between the middle of two melt tracks  

Layer thickness  µm Step width of the build platform movement  

Build platform temperature  °C  Pre-heating temperature of the build platform  
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Process parameter combinations that result in the desired material quality (e.g. in terms of rel-

ative density or the absence of cracks) form the process window. Depending on the metal alloy 

and the quality criterions, a process window may or may not exist. Given the vast number of 

metal alloys that is currently in use and the complexity of the process, only a small fraction of 

alloys has been qualified for PBF-LB/M, yet. Also, the knowledge of the interdependencies 

between material properties, process behavior and PBF-LB/M parameters is still incomplete. 

This leaves a huge knowledge gap, that is only gradually filled by research and industry. The 

present work seeks to provide a contribution to this task with the focus on refractory metal 

alloys and especially on titanium alloys.   

2.1.2 In-situ alloy formation by PBF-LB/M 

In most cases, pre-alloyed metal powder is used for PBF-LB/M. This means that the powder is 

produced from a homogeneous metal melt and all particles in the batch have more or less the 

same chemical composition. For typical PBF-LB/M applications, spherical metal powders with 

varying particle size distributions between 5 µm and 63 µm are used. Common production pro-

cesses for these metal powders are gas atomization processes like electrode induction melting 

inert gas atomization (EIGA) or plasma inert gas atomization (PIGA) [26]. In both cases, liquid 

metal is exposed to a high velocity inert gas jet which breaks up the liquid into small droplets 

which solidify into powder particles. High quality titanium- and nickel-alloy powders e.g. for 

aerospace applications, which require low impurity contents (e.g. oxygen or nitrogen) are fre-

quently produced by plasma atomization. In this case, a plasma torch divides a metal wire into 

small melt droplets [27]. Other atomization techniques like water atomization [28] or ultrasonic 

atomization [29] can also be possible, but are of minor importance. The capacity of industrial 

scale atomizers ranges from a few kg to several 100 kg of metal per batch. Changing the alloy 

composition on an atomizer system typically requires high downtimes due to cleaning effort, 

which is mandatory to avoid cross contamination. Hence, powders of a limited range of stand-

ard alloys like 316L, Ti-6Al-4V or AlSi10Mg are readily available [30], but special alloys or 

even newly designed alloys for research activities are difficult and expansive to obtain.  

Because of this, in-situ alloy formation by PBF-LB/M is an attractive option to support the 

development of novel alloy concepts or explore the effect of different chemical compositions 

on the process behavior and the resulting alloy properties. This can involve alloys which are 

tailored for PBF-LB/M applications or even alloys that cannot be produced by conventional 

casting techniques like high entropy alloys. Figure 2 shows the basic principle of in-situ alloy 

formation via PBF-LB/M. 
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Figure 2: Principle of in-situ alloy formation via PBF-LB/M  

Instead of using pre-alloyed metal powder which already has the desired alloy composition, 

blends of readily available metal powders with different chemical compositions are fused with 

the laser beam. The target composition is only formed in-situ during PBF-LB/M in the meltpool 

[31].  

The powder blends can consist of powders with equal particle size distributions or of powders 

with significantly different particles size distributions, e.g. when µm sized carrier particles are 

loaded with nm sized particles. Examples for the later one are carbon black or WC nanoparticles 

on case-hardening steel 16MnCr5 carrier particles for strengthening [32] or TiC/TiB2 nanopar-

ticles to influence the solidification behavior of Al-alloys [33]. A special case is the application 

of a high energy ball mill to produce a homogeneous powder feedstock from different powder 

components prior to PBF-LB/M. This approach was e.g. applied in [34] for producing powder 

for PBF-LB/M of a high-entropy alloy particle-reinforced stainless steel. As the alloy is already 

formed at least to some extent by mechanical alloying during ball milling, this case is not con-

sidered as in-situ alloy formation by PBF-LB/M. Also, in-situ alloy formation with nanoparticle 

addition is not considered within this thesis, as only very few wt.% of nanoparticles can be 

coated on the carrier particles [35] and the added material is already fine dispersed, which eases 

the formation of a homogeneous material. Hence, the focus of this work solely rests on in-situ 

alloy formation with powder blends consisting of µm-sized powder particles.  

Focusing on refractory metal alloys, which are subject of this work, in-situ alloy formation was 

applied in several research projects for investigating novel alloy concepts. Most of the research 

work published focuses on the development of Ti-alloys for medical applications. In this con-

text, Krakhmalev et al. investigated copper addition to Ti-6Al-4V to create an alloy with anti-

bacterial properties [36]. Fischer at al. modified pure Ti with 40.5 wt.% Nb, powder aiming for 

a biocompatible, low modulus Ti-alloy for medical implants [37]. Analogous research was pub-

lished by Zhao et al. [38], who also investigated the material properties of an in-situ formed 

TiNb alloy. Also motivated by medical implants, Duan et al. aimed for producing a low mod-

ulus Ti alloy Ti-12Mo-6Zr-2Fe by in-situ alloy formation [39]. Despite Ti-alloys for medical 

applications also even more challenging alloy concepts such as shape memory alloys or refrac-

tory metal high entropy alloys are more or less successfully synthesized by PBF-LB/M and in-
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Figure 7: Illustration of the structure of this work   
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ABSTRACT

Subjects of this work are the mechanical, geometrical, and microstructural properties of hybrid parts from Ti6Al4V sheet metal bending
and laser beam melting (LBM) in dependence of the extended LBM process parameters. In this context, the e� ects of di� erent laser exposure
strategies for the interface area to increase the reproducibility of the joint strength are investigated. Also, the e� ect of varying scan patterns and
two di� erent laser beam sources (Gaussian beam pro� le, spot size: 120� m, maximum laser power: 400 W and irregular beam pro� le, spot
size: 680� m, maximum laser power: 1000 W) on the LBM process and the resulting distortion of the parts are examined. Furthermore,
three heat-treatment temperatures at 450, 850, and 1050 °C were applied to the hybrid samples, resulting in variable microstructures and
di� erent mechanical properties for the sheet metal body and the LBM structure.

Key words: additive manufacturing, laser powder bed fusion (L-PBF), laser beam melting (LBM), Ti6Al4V, forming, hybrid processing,
microstructure, mechanical properties

© 2019 Laser Institute of America.https://doi.org/10.2351/1.5096115

I. INTRODUCTION

Titanium alloys like Ti6Al4V possess an excellent strength to
weight ratio and a good corrosion resistance. Therefore, they are
used for a wide range of demanding applications, for example, in
aerospace and chemical industry.1 Due to their biocompatibility,
another important � eld of application is medical devices like
implants. The combination of the excellent material properties
of Ti6Al4V and the high degree of freedom in design, which is
inherent to additive manufacturing (AM) technologies like laser
beam melting (LBM)—also referred to as selective laser melting
(SLM)—facilitates the production of advanced high-performance
parts. However, the LBM process is rather expensive and slow in
comparison to conventional mass production technologies like

sheet metal forming, which excel at productivity and cost-
e� ciency. By combining sheet metal bending and LBM, the speci� c
advantages of both processes can be exploited. Therefore, the feasibil-
ity of applying additively manufactured structures on Ti6Al4V sheet
metal bodies is being investigated. In this context, the resulting prop-
erties of such hybrid parts in dependence of the LBM process strategy
and a subsequent heat treatment are the subject of this work.

II. STATE OF THE ART

A. LBM of Ti6Al4V

LBM of Ti6Al4V is in general well understood,2 and process
parameters for producing almost fully dense parts are available for
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numerous commercial LBM machines (e.g., Ref.3). Additively
manufactured Ti6Al4V parts are already utilized as medical implants
and high-performance parts, for example, for racing applications and
in the aerospace or chemical industry. Recent scienti� c publications
are focusing, e.g., on the microstructure evolution4 or the fatigue
behavior of LBM processed Ti6Al4V.5

B. Typical speci � cations of lasers and optics used for
LBM

Typically, single-mode (SM)� ber lasers with a Gaussian beam
pro� le and output powers between 100 W (Ref.6) and 700 W,7

in some cases up to 1000 W,8 are used for LBM applications.
The laser spot size of commercial LBM systems is commonly in
the range between 30 and 200� m, and the layer thicknesses are
between 30 and 60� m. For increasing the build rate of LBM
systems, multilaser machines are becoming more and more relevant
for industrial applications.9 A di� erent approach for accelerating
the LBM process is the use of higher laser powers and increased
spot sizes. This enables the use of higher layer thicknesses and
hatch distances at the tradeo� of decreased geometrical accuracy.
The feasibility of processing materials with high relative density in
this process regime has already been demonstrated, e.g., for
AlSi10Mg (Ref.10) and Ti6Al4V.11

C. Hybrid parts from LBM and conventional
manufacturing technology

For producing hybrid parts from LBM and conventional
manufacturing technologies, di� erent approaches have already been
proposed. Thus, a case study on building LBM structures on top of
die forged base plates promises potential for weight reduction.12

The combination of LBM and die forging was also investigated by
Sizove and Bambach13 for producing preforms for the forming
process by means of additive manufacturing. A further study inves-
tigates the in� uence of di� erent scan strategies on the relative
density and the deviation of hybrid parts from a milled baseplate
and a Ti6Al4V LBM element.14 The general feasibility of producing
hybrid parts from sheet metal, EBM (Ref.15) and LBM (Ref.16),
respectively, has already been demonstrated in the previous work.
For this purpose, two di� erent process routes are conceivable.
Both are shown inFig. 1.

Starting with LBM followed by warm bending eases the buildup
of the additive structures, but is challenging for the subsequent
forming step, since the LBM structure is located in the forming zone.
Starting with bending and hence building upon an uneven surface
impairs the conditions for the LBM process. By applying a� exible
wiper-lip, e.g., from silicon rubber, it still becomes possible to build
LBM structures upon curved surfaces. In dependence of the desired
hybrid part geometry, both process routes can be bene� cial. However,
the joint quality still shows a signi� cant amount of scattering.17

Hence, strategies for increasing the reproducibility of the joint quality
between the baseplate and the AM element have to be identi� ed.

Furthermore, the residual stresses induced by the LBM
process18 can be an issue since it leads to distortion of the sheet
metal body. This is especially important for process route A
(cf. Fig. 1), because the LBM process is the� nal step toward the
hybrid part and, therefore, determines the geometrical accuracy.

For this reason, an approach for controlling the thermally induced
residual stress in LBM is required.

III. METHODS

A. Experimental setup

The LBM experiments were carried out using an SLM 280Hl

LBM machine from SLM Solutions GmbH (Germany). The basic
principle of the LBM process is displayed inFig. 2.

The SLM 280HL applied in this work is equipped with two
di� erent laser beam sources. The� rst one is a single-mode� ber

FIG. 2.Principle of the LBM process.

FIG. 1.Process routes for manufacturing LBM/forming hybrid parts.
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laser with a Gaussian beam pro� le and a minimum beam diameter
of approximately 80� m (cf. Fig. 3), which represents the state
of the art for LBM of Ti6Al4V. The second laser beam source
is a multimode� ber laser with an irregular beam pro� le and a
minimum beam diameter of approximately 680� m (cf. Fig. 4). The
increased spot size and laser power promises higher build rates at
the tradeo� of geometrical accuracy in comparison to the single-
mode� ber laser.

The Ti6Al4V powder used in this study was acquired from
TLS Technik GmbH & Co. Spezialpulver KG (Germany). The
chemical composition of the powder was determined by energy
dispersive x-ray spectroscopy (EDS) (cf.Table I) and ranges within
the speci� cations of DIN 17851.19 The particle shape of the inert
gas atomized powder is predominantly spherical, and the particle
size ranges between 20 and 63� m. This was veri� ed by scanning
electron microscopy imaging and static image analysis, respectively.
The particle size distribution between 20 and 63� m was chosen to
facilitate a proper recoating of the power layers. For this reason, the
� ne particle fraction below 20� m was removed, since it might
reduce the� owability of the powder and hence the quality of the
applied powder layer. The coarse fraction above 63� m was sieved
out with respect to the layer thickness of 50� m that is used for the
LBM experiments within this work.

The LBM parameter sets used for the experiments are listed in
Table IIand were experimentally developed in the previous work.11

All parameter sets enable the production of parts with high relative
densities above 99.7%.

B. Exposure strategies for the joint zone

The in� uence of two di� erent exposure strategies on the
joint quality of the hybrid parts and especially the reproducibility
was investigated by an experimental study. For this purpose, a
sample geometry consisting of a� at sheet metal baseplate with the
dimensions 56 × 20 × 1.5 mm3 and a cylindrical LBM element with
Ø 5 × 5 mm2 were designed. The sample geometry is shown in
Fig. 5. For building the LBM elements, the parameter sets D and X
(cf. Table II) have been used. The altered exposures strategies were
applied in the� rst � ve layers of the LBM element (height: 250� m),
since these layers are considered to be the most relevant for the
joint quality. The expected asperities of the sheet metal are in the
range of 100� m and are therefore supposed to be covered reliably
by the altered exposure strategies. The� rst altered exposure strategy
comprises of a double exposure for the a� ected layers. For the
second exposure strategy, parameter set E (cf.Table II) was applied
in the joint zone. This parameter set works with a comparatively
slow scan speed of 300 mm/s at 400 W laser beam power.
Consequently, a 4.8 times higher line energy than with parameter
set D (0.28 J/mm3) and a three times higher line energy than with
parameter set X (0.44 J/mm3) are applied. Therefore, parameter set
E promises an increased penetration depth of the melt tracks.
In addition, a reference group with no special exposure strategy in
the joint region was tested.

For each group, 12 samples were manufactured. The build
order was randomized to exclude possible in� uences of the posi-
tions of the elements in the build envelop. The joint quality of the
hybrid samples was assessed by shear tests. For this purpose, a

FIG. 3.Beam pro� le of the SM� ber laser.

FIG. 4.Beam pro� le of the MM� ber laser.

TABLE I.Chemical composition of the Ti6Al4V powder used in this work (EDS
measurement).

Ti Al V Fe

DIN 17851 (wt. %) Bal. 5.50–6.75 3.5–4.5 � 0.3
EDS (wt. %) 89.6 6.1 4.1 0.2
� (wt. %) 0.1 0.1 <0.1 <0.1

TABLE II.LBM parameters used for the experiments in this work.

D X E MM

Laser power,Pl 250 W 400 W 400 W 1000 W
Scan speed,vs 900 mm/s 900 mm/s 300 mm/s 400 mm/s
Spot diameter,ds 110� m 110� m 110� m 680� m
Hatch distance,h 120� m 120� m 120� m 400� m
Layer thickness 50� m 50� m 50� m 100� m
Line energy 0.28 J/mm 0.44 J/mm 1.33 J/mm 2.5 J/mm
Volume energy 46.3 J/mm3 74.1 J/mm3 222.2 J/mm3 62.5 J/mm3
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universal testing machine walter + bai FS-300 with a maximum
force of 300 kN was used. The tool setup for the shear tests shown
in Fig. 6was presented in prior investigations regarding the charac-
terization of hybrid components.20 Based on these investigations,

the punch velocity was set to 5 mm/min. Prior to the testing, the
samples were heat treated at 850 °C for 2 h followed by furnace
cooling to mitigate the residual stress induce by the LBM process
and to adjust the microstructure of the LBM elements. This heat
treatment was investigated by Vranckenet al.21 for LBM parts and
already applied in the previous work on hybrid parts from LBM
and sheet metal.16 The heat treatment was performed in an argon
atmosphere to prevent oxidation and oxygen absorption.

C. Scan patterns for in � uencing the residual stress

Besides the joint quality, also the residual stress induced
during the LBM process and hence the distortion of the hybrid
parts is most likely in� uenced by the chosen exposure strategy.
Therefore, the e� ect of di� erent laser parameters and scan patterns
on the distortion of the hybrid parts was evaluated by an experi-
mental study. With regard toFig. 1, process route A was used to
evaluate the distortion of hybrid parts resulting from warm
bending and subsequent LBM. In a� rst step, the Ti6Al4V sheet
metals were bent. Since forming of Ti6Al4V is challenging, the
bending process was conducted at elevated temperature. As shown
in Ref.22, the yield stress decreases signi� cantly compared to room
temperature even for moderate temperature of 250 °C. To realize
the forming process, 250 °C was consequently chosen for the warm
bending operation within this work. The samples consist of a sheet
metal part with the original dimensions of 56 × 20 × 1.5 mm3

before the bending step. The sheet metal parts were bent with a
punch radius of 7 mm and a die width of 16 mm. The punch dis-
placement was set to 4.5 mm, which results in a bending angle of
about 40°. This tool combination and resulting part geometry were
chosen based on prior investigations presented in Ref.17, to increase
comparability of the results. Within the second step of process
route A, the LBM element with the dimensions of 20 × 5 × 5 mm3

is placed centered on top of the sheet metal part. The bent sheet
metal parts are positioned within the LBM machine by an appro-
priate clamping device. The resulting distortion of the hybrid parts
is supposed to be in� uenced by the LBM process, the material
properties, and the geometry of the hybrid parts (e.g., sheet thick-
ness). This study, however, focuses on the e� ect of the LBM param-
eters. Therefore, only one sample geometry was chosen. For the
� rst three investigated scan patterns, the orientation of the scan
paths in relation to the long side of the LBM element was varied
from 0° to 90° resulting in di� erent scan vector lengths from 5 to
20 mm. The fourth scan strategy consists of a chessboard pattern
with scan vectors in the length of 2.4 mm. The sample geometry
and the four scan patterns are shown inFig. 7.

For manufacturing the LBM elements, the parameter sets X,
D, and MM (cf.Table II) were applied. The parameter sets X and
D utilize the 400 W single-mode� ber laser of the SLM 280HL.
In addition, a group of samples was built with parameter set MM
to investigate the impact on the residual stress of a signi� cantly
increased spot diameter and laser power in comparison to parame-
ter set D or X. However, the hatch distance, the scan speed, and
the layer thickness of MM were chosen to deposit a volume energy
that is with a value of 62.5 J/mm3 in the range of the parameter
sets D (46.3 J/mm3) and X (74.1 J/mm3). For each combination of
scan pattern and laser parameter set, three samples were built and

FIG. 5.Specimens for evaluating the effect of different exposure strategies on
the joint quality.

FIG. 6.Experimental setup for the shear test of the hybrid samples.
Reproduced with permission from Schaubet al., Key Eng. Mater.611–612,
609–614 (2014). Copyright 2014, Trans Tech Publications Ltd.
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tested. The distortion of the hybrid samples in relation to the LBM
parameters and scan patterns was determined by the optical 3D
measuring system ATOS provided by GOM GmbH (Germany).
Prior to the LBM process, the 3D surface of each specimen after
the warm bending process was measured. This geometry is used as
a reference state. After the LBM process, the surface at the side of
the additively manufactured element of each specimen was measured
again. Between both surface topographies, a best-� t alignment was
calculated. Using this approach, the geometries were oriented against
each other with the overall smallest three-dimensional deviations
from the reference state.

D. Heat treatment

Besides the forming operation and the LBM process itself,
also the heat treatment has to be taken into account for producing
Ti6Al4V hybrid parts with de� ned mechanical properties. Thus, a
further study on the e� ect of three di� erent heat-treatment tempera-
tures for Ti6Al4V hybrid samples was performed. For this purpose,
LBM elements with the geometry shown inFig. 5 were produced
and subsequently heat treated at 450, 850, and 1050 °C for 2 h
followed by furnace cooling. By performing the heat treatment in
an argon atmosphere, the samples were protected from oxidation
and oxygen absorption. Afterward, the resulting microstructure was
analyzed. For this purpose, the samples were polished with diamond
suspension followed by active oxide polishing suspension (OP-S)
and etched with Kroll’s reagent. The hardness corresponding to the
microstructures was measured using a Fischerscope® HM2000 from
Helmut Fischer GmbH (Germany).

IV. RESULTS AND DISCUSSION

A. Shear tests

The results of the shear tests are plotted inFig. 8. Each bar
represents the maximum shear force averaged over 12 samples built
with the same LBM parameter set and exposure strategy. No clear
di� erence in the absolute values can be identi� ed. However, the
scattering of the results is signi� cantly reduced by applying joint

parameter set E in the� rst � ve layers of the LBM element. For
structures built with parameter set X, the standard deviation of the
maximum shear force decreases from 915 N in the reference group
to 303 N for the strategy X-E. In contrast to that, a double exposure
in the � rst � ve layers has no positive e� ect on the scattering of the
joint quality. Though the LBM parameter set E is in general infe-
rior to D or X due to a slightly higher porosity and an increased
evaporation of aluminum of up to 1 wt. % during LBM, which
might decrease the mechanical properties, it shows a signi� cantly
higher penetration depth than D or X (cf.Fig. 9). This is due to
the signi� cantly higher line energy applied by parameter set E
(222 J/mm3) in comparison to D (46.3 J/mm3) or X (74.1 J/mm3).
Since one major source of the scattering of the shear force is

FIG. 9.Comparison of two microsections of hybrid samples built with parameter
sets D and E. In� uence of different scan patterns and laser parameter sets on
the distortion.

FIG. 7.Sample geometry and scan patterns.

FIG. 8.Average maximum shear force in dependence of the exposure strategy
for the� rst� ve layers.

Journal of
Laser Applications ARTICLE scitation.org/journal/jla

J. Laser Appl.31,022318 (2019); doi: 10.2351/1.5096115 31,022318-5

© 2019 Laser Institute of America

https://lia.scitation.org/journal/jla


presumably asperities of the sheet metal surface causing variations
in the thickness of the� rst powder layers, an increased penetra-
tion depth is assumed bene� cial for the process stability.

The high penetration depth of parameter set E in the range of
250� m avoids bonding defects caused by variations in the powder
layer thickness, and thus the scattering of the shear force can be
reduced. A double exposure with the parameter sets D and X does
not show this increased penetration depth, and therefore no reduc-
tion of the scattering is achieved.

For evaluating the e� ect of the di� erent combinations of scan
patterns and laser parameter sets on the distortion of the sheet
metal, the optical 3D measurements were performed prior and
after the LBM process. By comparing the measured surface topog-
raphies, the distortion caused by the LBM process is determined
for the cross section along the bend line. Since the distortion was
investigated for the sheet metal part, the geometry of the additively
manufactured element is excluded from the evaluation. An example
for this is presented inFig. 10, which includes the equation for
calculating the distortion� z of the bent sheet metal part. For the
calculation of� z, the distortion of both endsz1 and z2 of the bend
sheet metal part was used.Figure 11shows the resulting values for
� z averaged over three samples for each combination of scan
pattern and LBM parameter set.

It is evident that the scan strategy 0° with a scan vector length
of 20 mm is inferior to the other investigated strategies in terms of
residual stress and hence distortion of the sheet metal baseplate.
The lowest distortion was measured for the 90° strategy with 5 mm
scan vector length. This relation between scan vector length and
residual stress has also been reported, e.g., by Mercelis and Kruth23

and can be explained by the temperature gradient mechanism.23

The in� uence of the LBM parameter sets on the distortion of
the sheet metal base plate appears to be rather weak in comparison
to the scan strategy. This is not surprising for the parameter sets D
and X, since both di� er only by a factor of 1.6 in terms of laser
power and intensity. Parameter set MM on the contrary consists of
a signi� cantly higher laser power and an approximately six times
bigger spot diameter. Despite the higher laser power of 1 kW, the
average intensity of the laser beam is less than a tenth of parameter
set X.

The melt tracks of parameter set MM are approximately in
the range of 800� m and thus three times wider than those of
parameter set X. However, the residual stress in the MM samples is
comparable to that of the D or X samples. The reduced number of
overall scan tracks resulting from the higher hatch distance and
layer thickness of parameter set MM (cf.Table II) presumably
equalizes the higher residual stress caused by a single weld track
due to the increased welt track sizes. Consequently, the resulting
distortion of the sheet metal part is again within the range of the
single-mode laser parameter sets. This further proofs the feasibil-
ity of applying high laser beam powers of 1 kW and a multimode
� ber laser for manufacturing hybrid parts from LBM and sheet
metal forming.

B. Effect of different heat-treatment temperatures on
the hybrid samples

By applying di� erent heat-treatment temperatures at 450, 850,
and 1050 °C, the microstructure and the Vickers hardness of the
hybrid samples signi� cantly changed.Figure 12shows the resulting
microstructures in the joint zone of the hybrid parts. The samples
heat treated at 450 °C still show� 0-martensite and columnar prior
� -grains in the LBM element. This microstructure is similar to
the as build condition of Ti6Al4V parts produced from LBM.21

Also, the globular� –� microstructure that develops under the
in� uence of plastic deformation and recrystallization24 during hot
rolling of the sheet metal appears to be unchanged compared
to the original condition. The heat treatment at 850 °C, slightly
below the� -transus temperature,1 results in a decomposition of
� 0-martensite into a� ne acicular� –� microstructure. This was
also reported by Vranckenet al.21 However, the microstructure of
the sheet metal is still unchanged after the heat treatment at 850 °C.

In contrast to that, the microstructure of the hybrid part is
homogenized by the heat treatment at 1050 °C, since a phase transi-
tion occurs while surpassing the� -transus temperature of Ti6Al4V.
The resulting microstructure consists of coarse� –� grains of millime-
ter size. The averaged hardness values corresponding to the observed

FIG. 10.Optical 3D measurement of the distortion of the hybrid samples after
LBM.

FIG. 11.Average distortion of the hybrid samples in dependence of the LBM
parameters and the scan pattern.
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microstructures are stated inFig. 12. The � 0-martensitic microstruc-
ture shows the highest Vickers hardness with a value of 462 HV0.5
(� = 18 HV0.5). This value signi� cantly di� ers from the globular� –�
microstructure of the sheet metal body, which shows an average
hardness of 324 HV0.5 (� = 37 HV0.5). The acicular� –� microstruc-
ture exhibits a slightly higher hardness of 387 HV0.5 (� = 14 HV0.5)
than the globular microstructure. The 1050 °C heat treatment gener-
ates a rather homogeneous hardness distribution within the hybrid
part. The values range from 218 HV0.5 (� = 20 HV0.5) for the sheet
metal body to 254 HV0.5 (� = 18 HV0.5) for the LBM element,
respectively.

These hardness values also represent a� rst indicator for
the formability of the hybrid samples. The high hardness of the
� 0-martensitic microstructure in combination with the di� erence
between the sheet metal base and the LBM structure might decrease
the formability when following process route B (cf.Fig. 1)—at least
without very high forming temperatures or further heat-treatment
steps. Especially with respect to process route B, the 1050 °C heat
treatment on the contrary might ease the forming operation since it
results in a rather homogeneous microstructure and low hardness
values.

V. CONCLUSION AND OUTLOOK

This publication reports on the e� ects of customized exposure
strategies on the joint quality of Ti6Al4V hybrid samples manufac-
tured by LBM and sheet metal. The results indicate that LBM
parameter sets with a higher line energy than otherwise preferable
standard parameters (1.33 J/mm compared to 0.28 or 0.44 J/mm,
respectively) have a positive impact on the reproducibility of the

mechanical strength of the hybrid parts, when applied in the joint
area between metal sheet and LBM structure. Shear tests showed
that the standard deviation of the maximum shear force endured
by the parts could be reduced by up to two-thirds in comparison
to the reference group without a special exposure in the joint zone.
The mean value remained at around 12 kN for all sample groups.

Furthermore, the impact of di� erent scan patterns and laser
parameter sets, including the use of two di� erent laser beam
sources (1 kW multimode� ber laser with 680� m spot diameter
and 400 W single-mode� ber laser with 110� m spot diameter), on
the geometrical distortion of the hybrid samples was investigated.
The highest distortion of up to 0.28 mm was measured for an expo-
sure strategy comprising a scan vector length of 20 mm, while
exposure strategies with a shorter scan vector length signi� cantly
lowered the distortion values down to 0.08 mm. Using the 1 kW
multimode laser does not have a negative e� ect on the distortion of
the parts compared to the 400 W single-mode laser in the investi-
gated parameter range. The measured values will be used in future
work for the development and evaluation of a numerical model to
predict the residual stress induced during LBM of the hybrid parts.

In addition, the impact of three heat-treatment temperatures
of 450, 850, and 1050 °C on the microstructure and the Vickers
hardness was analyzed. The highest hardness values of 462 HV0.5
were found for the LBM structure of the samples heat treated at
450 °C, while the sheet metal showed a hardness of 324 HV0.5.
Due to the decomposition of� 0-martensite, the hardness of the
LBM structure dropped to 387 HV0.5 as a result of the 850 °C heat
treatment. The heat-treatment temperature of 1050 °C leads to a
homogenization of the microstructure of the hybrid part and
the LBM structure as well as the sheet metal showing a similar
coarse� –� microstructure with hardness values of 254 HV0.5 and
218 HV0.5, respectively. With respect to a subsequent forming
operation of the sheet metal body, the homogeneous microstructure
and the decreased hardness resulting from the 1050 °C heat treat-
ment might be bene� cial. In this context, the mechanical properties
related to the di� erent heat-treatment temperatures and micro-
structures will be the subject of future research.
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Abstract: In-situ alloy formation by Laser Powder Bed Fusion (PBF-LB/M) from mixtures of easily
available elemental powders is an appealing approach for developing and qualifying new alloys for
laser based additive manufacturing of metals. However, especially when dealing with high-melting
elements, like W, Ta, Mo, or Nb, it is dif�cult to achieve a homogeneous element distribution and
a complete fusion of the powder particles. The aim of this work was to understand the effects of
the PBF-LB/M process parameters (laser power, scan speed, laser spot diameter) and three different
single- and double-exposure strategies on the fusion of high-melting W, Ta, Mo, and Nb particles in
a Ti-matrix. For this purpose, 220 samples with 10 vol.% of the high-melting particle fraction were
prepared and analyzed by optical light microscopy and automated image processing, as well as by
scanning electron microscopy (SEM). The results are discussed in the context of current research on
the process dynamics of PBF-LB/M. Based on that process strategies to support a complete fusion
of high-melting particles during in-situ alloy formation are derived. It is shown that the number of
unmolten particles can be at least decreased by a factor of ten compared to the most unfavorable
parameter combination. For the lower melting elements, Nb and Mo, a complete fusion without any
remaining particles visible in the microsections was achieved for certain parameter combinations.
The results prove the feasibility of in-situ alloy formation with high-melting alloying elements, but
they also demonstrate the necessity to adjust the PBF-LB/M process strategy to achieve a complete
dissolution of the alloying elements.

Keywords: additive manufacturing; laser powder bed fusion of metals (PBF-LB/M); in-situ alloying;
powder consolidation; microstructure

1. Introduction
Laser Powder Bed Fusion (PBF-LB/M) is currently the most widely used process for

additive manufacturing of metals [ 1] and is gaining an increasing importance in industry
and science alike [2]. Potential applications are high-value components in the aerospace
industry, like fuel nozzles [ 3] or further engine parts [ 4], motor sport components [ 5],
tool inserts with internal cooling channels [ 6], or medical implants [ 7]. The basic process
principle is shown in Figure 1. Major advantages are an almost unlimited degree of
design-freedom and a high �exibility of the production process. The achievable material
properties are close to or even superior to conventional manufacturing [ 8]. However, one
important drawback of PBF-LB/M, that is restricting the application of the process, is
the limited variety of quali�ed materials. While thousands of different metal alloys are
available, only a few dozens of them have been quali�ed for PBF-LB/M [ 8]. With only
very few exceptions (e.g., Scalmalloy [9]), most of the alloys that are currently in use for
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PBF-LB/M have been originally designed for conventional manufacturing processes, like
casting. However, the PBF-LB/M process is characterized by unique thermo-mechanical
conditions, like high cooling rates in the range of 10 6 K/s [ 10] and a cyclic re-heating
during melting of consecutive scan tracks and layers. Especially the high cooling rates
open up possibilities for developing and processing novel alloy classes, like bulk metallic
glasses [11] or compositionally complex alloys or high entropy alloys, respectively [ 12].
However, the range of possible alloy compositions is vast and the availability of pre-alloyed
powder is limited. The atomization of special alloys on request is possible but is expensive
and time consuming, which is effectively slowing material development for PBF-LB/M.
One possibility to ease material development for PBF-LB/M and facilitate high throughput
investigations of novel alloy compositions is in-situ alloy formation. By using mixtures of
easily available standard powders, an expensive and time-consuming atomization of pre-
alloyed powder can be avoided. However, achieving a homogeneous element distribution
and a complete dissolution of the powder particles during PBF-LB/M is challenging. This
is especially true if the melting point of the added elements is far above the melting point
of the main alloying element.

Metals 2021, 11, 336 2 of 15 
 

 

exceptions (e.g., Scalmalloy [9]), most of the alloys that are currently in use for PBF-LB/M 
have been originally designed for conventional manufacturing processes, like casting. 
However, the PBF-LB/M process is characterized by unique thermo-mechanical condi-
tions, like high cooling rates in the range of 106 K/s [10] and a cyclic re-heating during 
melting of consecutive scan tracks and layers. Especially the high cooling rates open up 
possibilities for developing and processing novel alloy classes, like bulk metallic glasses 
[11] or compositionally complex alloys or high entropy alloys, respectively [12]. However, 
the range of possible alloy compositions is vast and the availability of pre-alloyed powder 
is limited. The atomization of special alloys on request is possible but is expensive and 
time consuming, which is effectively slowing material development for PBF-LB/M. One 
possibility to ease material development for PBF-LB/M and facilitate high throughput in-
vestigations of novel alloy compositions is in-situ alloy formation. By using mixtures of 
easily available standard powders, an expensive and time-consuming atomization of pre-
alloyed powder can be avoided. However, achieving a homogeneous element distribution 
and a complete dissolution of the powder particles during PBF-LB/M is challenging. This 
is especially true if the melting point of th e added elements is far above the melting point 
of the main alloying element. 

 

Figure 1. Schematic of the Laser Powder Bed Fusion (PBF-LB/M) process (reproduced from refer-
ence [13]). 

Aota et al. [14] investigated in-situ alloy formation of 1.4307 (AISI 304L) from ele-
mental Fe, Ni and Cr powder. They achieved a homogeneous element distribution for 
certain parameter combinations and concluded that the dwell time of the particles in the 
meltpool is crucial for achieving a complete di ssolution of the particle s. In addition, Chen 
at al. [15] obtained a fairly homogeneous element distribution by in-situ formation of a 
compositionally complex CoCrFeMnNi alloy. Their results show that a high volumetric 
energy input is favorable for in-situ alloy formation by PBF-LB/M. In contrast to these 
successful applications, in-situ alloy formation of Ti-based alloys proved to be more chal-
lenging. Yadroitsev et al. [16] investigated in-situ formation of Ti15Mo and Ti1.38Cu al-
loys. While the lower melting Cu-particles (melting point 1084 °C [17]) were completely 
fused, at least some of the higher melting Mo-particles (melting point 2623 °C [17]) re-
mained undissolved. Despite the complete melt ing of the Cu-particles, Yadroitsev et al. 
[16] also report areas with increased copper content, mainly located at the fusion bound-
aries of consecutive melt tracks. Mosallanejad et al. [18] made similar observations in in-
situ alloyed Ti5Cu samples. They also describe segregation of Cu at fusion boundaries an 
in addition to Yadroitsev et al. [16] also some remaining unmolten Ti-particles. Grigoriev 
et al. [19] investigated synthesis of Ti5Al and a Ti22Al25Nb alloys by in-situ alloy for-
mation. They showed that PBF-LB/M with a 700 µm laser spot diameter and 950 W laser 
power results in a homogeneous material. Using a configuration with 70 µm beam diam-
eter resulted in undissolved Al-particles in the Ti matrix. The Ti22Al25Nb alloy processed 

Figure 1. Schematic of the Laser Powder Bed Fusion (PBF-LB/M) process (reproduced from reference [13]).

Aota et al. [14] investigated in-situ alloy formation of 1.4307 (AISI 304L) from elemen-
tal Fe, Ni and Cr powder. They achieved a homogeneous element distribution for certain
parameter combinations and concluded that the dwell time of the particles in the meltpool
is crucial for achieving a complete dissolution of the particles. In addition, Chen at al. [ 15]
obtained a fairly homogeneous element distribution by in-situ formation of a composi-
tionally complex CoCrFeMnNi alloy. Their results show that a high volumetric energy
input is favorable for in-situ alloy formation by PBF-LB/M. In contrast to these successful
applications, in-situ alloy formation of Ti-based alloys proved to be more challenging.
Yadroitsev et al. [16] investigated in-situ formation of Ti15Mo and Ti1.38Cu alloys. While
the lower melting Cu-particles (melting point 1084 � C [17]) were completely fused, at least
some of the higher melting Mo-particles (melting point 2623 � C [17]) remained undissolved.
Despite the complete melting of the Cu-particles, Yadroitsev et al. [ 16] also report areas
with increased copper content, mainly located at the fusion boundaries of consecutive melt
tracks. Mosallanejad et al. [18] made similar observations in in-situ alloyed Ti5Cu samples.
They also describe segregation of Cu at fusion boundaries an in addition to Yadroitsev
et al. [16] also some remaining unmolten Ti-particles. Grigoriev et al. [ 19] investigated
synthesis of Ti5Al and a Ti22Al25Nb alloys by in-situ alloy formation. They showed that
PBF-LB/M with a 700 � m laser spot diameter and 950 W laser power results in a homoge-
neous material. Using a con�guration with 70 � m beam diameter resulted in undissolved
Al-particles in the Ti matrix. The Ti22Al25Nb alloy processed with the 700 � m laser spot
contained unmolten Nb particles that could be removed by a heat-treatment at 1250 � C for
2 h. Polozov et al. [20] achieved similar results as Yadroitsev et al. [ 16] with undissolved
Nb particles in Ti6Al7Nb and Ti22Al25Nb alloys that could be removed by annealing at
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1250� C and 1350 � C, respectively. Fischer et al. [21] prepared an Ti26Nb alloy by in-situ
alloy formation. Their results show that the number of remaining Nb-particles is in�uenced
by the PBF-LB/M parameter combination and that higher volumetric energy densities
lead to a reduced number of remaining particles. Huang et al. [ 22] and Dzogbewu [ 23]
investigated in-situ alloy formation of Ti with Ta and Mo, respectively. Both elements
feature an even higher melting point than Nb, and dissolving the high melting particles
proved to be challenging.

These publications show that in-situ alloy formation is an appealing and widely used
method to ease material development for additive manufacturing of metals. However,
despite some successful applications, e.g., for Fe-, Ni-, Cr-based alloys, defects, like an
inhomogeneous element distribution and/or undissolved particles, are common. Com-
prehensive investigations of the interdependencies between PBF-LB/M process strategy,
material/powder properties, and the resulting homogeneity of the in-situ alloyed mate-
rial are currently lacking. Especially in-situ alloy formation of Ti-based alloys containing
high melting elements, like Nb, Mo, or Ta, proves to be challenging and requires further
investigation. The present work represents a �rst step in that direction.

In this context, the aim was to gain a deeper understanding of the effect of the PBF-
LB/M parameters and different scan strategies on the fusion of high-melting W, Ta, Mo,
and Nb particles in a Ti-matrix. For this purpose, the number of unmolten particles in PBF-
LB/M is quanti�ed in dependence of the laser power, the scan speed, the focus diameter,
and the scan strategy (single and two different double exposure strategy). Based on these
experiments and discussion with literature, processing strategies for successful in-situ alloy
formation by PBF-LB/M with a high dissolution ratio of high melting particles are derived.
It is shown that, by applying these strategies, the number of residual high melting particles
can be reduced by at least a factor of ten compared to the most unfavorable PBF-LB/M
parameter combination. For Mo and Nb particles, even a complete dissolution of the high
melting particles was achieved.

2. Materials and Methods
Scanning electron microscopy (SEM) images of the six different powders used in this

work are shown in Figure 2. The index 45 indicates the nominal upper particle size limit
in � m.
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The particle shape is predominantly spherical. The plasma atomized W 45, Ta 45 and
Mo 45 powder was obtained from Tekna (Sherbrooke, QC, Canada). The Ti 45 powder,
which is also plasma atomized, was supplied by AP&C Advanced Powders and Coatings
Inc. (Boisbriand, QC, Canada) and the argon atomized Nb 45 powder was provided by
H.C. Starck Tantalum and Niobium GmbH (Goslar, Germany). The chemical purity of all
powders was veri�ed by energy-dispersive X-ray spectroscopy (EDS) and is higher than
99.8 % (metallic elements). The particle-size distribution of the powders was veri�ed by
laser diffraction measurements using a Mastersizer 3000 from Malvern Panalytical GmbH
(Malvern, UK). The results are listed in Table 1.

Table 1. Particle size distribution determined by laser diffraction.

Powder D 10 D50 D90

W 45 18.6� m 32.4 � m 40.2 � m

Ta 45 10.5� m 21.0 � m 39.8 � m

Mo 45 19.6� m 30.5 � m 44.3 � m

Nb 45 18.3� m 35.6 � m 48.4 � m

Ti 45 16.8� m 25.6 � m 41.3 mm

For the PBF-LB/M experiments, �ve powder mixtures from 90 vol.% Ti 45 with
10 vol.% of each of the additional elements were prepared. The powders were mixed for
1 h in a Turbula fi -mixer from Willy A. Bachofen AG (Muttenz, Switzerland) and dried in a
vacuum furnace at 120 � C for 4 h to remove any moisture that might reduce �owability
or interfere with the PBF-LB/M process. This procedure was empirically developed over
the past years. The recoatability of the powder mixtures was veri�ed visually inside the
PBF-LB/M machine with the aid of an illumination setup (small angle illumination). All
powder mixtures can be recoated to homogeneous layers without visible defects.

The PBF-LB/M parameter sets used in the following were developed experimentally
and are partially derived from previous work [ 24]. The aim was to investigate the dissolu-
tion behavior of the high melting particles in a wide range and to ensure a relative density
of more than 97%, despite the variation in chemical composition and parameter combi-
nation. The relative density >97% was veri�ed in preliminary experiments by polished
microsections. The experimental design comprises the manufacturing of three series of
PBF-LB/M samples. Details are described in Table 2. Considerations regarding meltpool
geometry [25,26], powder movement [ 27], and process dynamics [28] that led to the three
series of experiments are based on previous work and literature. The intention of series
1 is to identify the effect of standard PBF-LB/M process parameters on the dissolution
of high melting particles, while keeping the volumetric energy density (VED, de�nition
given, e.g., in reference [29]) constant. The aim of series 2 was to investigate the effect of an
increasing scan speed, while keeping the laser power constant. Furthermore, a parameter
combination with comparably low laser power (66 W) and slow scan speeds was selected.
According to literature, this results in a short meltpool tail [ 26], less gas and particle move-
ment [28], and, due to the slow movement of the laser spot, a longer interaction time with
the laser beam. It is assumed that this has a positive effect on the dissolution of the high
melting particles in the meltpool. The main idea investigated with series 3 was that a
double exposure can further reduce the number of unmolten particles. For this purpose,
two different strategies were conceived. The �rst one comprises a straightforward double
exposure, while the second strategy comprises a pre-melting step for powder �xation and
the actual consolidation step for part generation. The hypothesis behind the second double
exposure strategy is to prevent denudation [ 27] and dragging of high melting particles into
the solidifying meltpool tail during the actual consolidation exposure, which is assumed to
be a possible source of unmolten particles.
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Table 2. Experimental design.

Paramter Series 1 Series 2 Series 3

Description

� Constant VED
(55.6 J/mm3)

� Variation of spot
diameter, laser
power and
scanning speed

� Variation of
volemtric energy
density (55 � 110
J/mm 3)

� Short meltpool
tail

� Slow scan speed

� Double exposure
� Simple double

exposure with
repetition of
printing parameters

� Special double
exposure with
pre-melting and
consolidation

Laser power 75 W, 100 W, 150 W,
. . . , 400 W 66 W 75 W, 100 W, 150 W, . . . ,

400 W

Laser spot
diameter

70 � m, 100 � m, 200
� m

70 � m, 100 � m, 200
� m

70 � m for pre-melting:
400 � m

Scan speed
225 mm/s, 300 mm/s,
450 mm/s, . . . , 1200

mm/s

100 mm/s, 125 mm/s,
. . . , 200 mm/s

225 mm/s, 300 mm/s,
450 mm/s, . . . ,

1200 mm/s
for pre-melting

600 mm/s

Hatch distance 120 � m 120 � m 120 � m,
for pre-melting: 250 � m

Scan strategy Single exposure Single exposure

Double exposure:
� Simple repetition
� Pre-melting for

powder �xation
followed by
consolidation

All PBF-LB/M experiments were done using an Aconity mini PBF-LB/M machine
from Aconity GmbH (Herzogenrath, Germany) that is equipped with a redPower QUBE
�ber laser from SPI Lasers Ltd. (Southampton, UK) with a maximum beam power of
1 kW and a wavelength of 1080 nm and an AxialSCAN-30 scanner optics from Raylase
GmbH (Wessling, Germany). The sample geometry is cubic with an edge length of 6 mm.
The number of undissolved particles was determined by polished microsections and light
microscopy (image section 2.25 mm � 1.69 mm; 3.8 mm2). Due to the high sample number,
automated image analysis with MATLAB fi was employed to detect and count the particles.
While most samples have a high relative density of more than 99.5%, in dependence of
the process parameters, some samples contain up to 5% defects, which could lead to
misdetections. This is considered by a �lter algorithm that excludes dark objects (voids)
from the count. In addition, very small particles that are probably image artifacts, small
defects, or dirt are not considered. This approach is visualized in Figure 3 and veri�ed
for ten selected images by manual counting. Deviations between manual counting and
automated image analysis are below 5% in all cases.
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Figure 3. Detection of unmolten particles by automated image analysis.

3. Results and Discussion
The complete data set that is discussed in the following section is provided in the

Appendix A section alongside this manuscript. Due to the high number of �gures, only
selected diagrams are shown here.

Aim of experiment series 1 (see Table 2) was to investigate the dissolution behavior of
high melting particles in a Ti-matrix in dependence of standard PBF-LB/M parameters at a
constant volumetric energy of 55.6 J/mm 3. The results for W 45 and Nb 45 particles are
presented in Figure 4. These materials represent the highest and lowest melting particle
materials investigated. Data regarding the remaining particle materials (Ta 45, Mo 45) are
provided in Appendix A.
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Figure 4. Results of experiment series 1 (see Table 2); constant volumetric energy density (55.6
J/mm 3), laser power scales with scan speed.

A �rst and rather self-evident observation is the number of undissolved particles
scales with the melting point of the particle material [ 17] with W resulting in the highest
and Nb resulting in the lowest number of undissolved particles. Despite the melting point,
further interdependencies between the PBF-LB/M parameter and the number of remaining
particles are evident, which are discussed in the following.
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The highest number of undissolved particles (114/mm 2) was measured for W 45 at a
laser spot diameter of 200 � m and a scan speed of 1200 mm/s. The relative amount of W
determined by image analysis of the cross-section is 7.6 vol.%. This is slightly lower than
the originally introduced 10 vol.% W but shows that only a small portion of W particles
was dissolved during PBF-LB/M. In contrast to that, the slowest scan speed and the small-
est spot diameter investigated resulted in 29 undissolved particles per mm 2 and, hence,
a reduction by the factor four. At a constant volumetric energy, PBF-LB/M parameter
combinations featuring a slow scan speed and a small spot diameter appear to be bene�cial
for particle dissolution. This correlation is also valid for the other investigated materials.
This shows that particle dissolution is strongly governed by the PBF-LB/M parameter
combination, even when keeping the volumetric energy constant. While, according to
literature, a high volumetric energy proved to be bene�cial [ 15], the present results demon-
strate that this is only one aspect of many and that more complex interdependencies affect
the dissolution of high melting particles in the meltpool during PBF-LB/M. Vacuum arc
furnace melting experiments and theoretical considerations by Ghazal et al. [ 30] identify
the dwell time, the temperature, and the velocity of the surrounding melt as key factors
for dissolution of high melting inclusions in Ti-alloys. Quantifying these parameters for
a speci�c PBF-LB/M parameter combination is complex and requires elaborate numeric
simulations that would exceed the scope of this manuscript. However, �rst conclusions
can be derived from current work on PBF-LB/M process physics, like Khairallah et al. [ 28],
Matthews et al. [ 27], or Eschner et al. [31]. Heat and mass transport in the PBF-LB/M
meltpool are driven by Marangoni convection, evaporation, and resulting recoil pressure
on the meltpool surface. According to reference [ 27], particles around the meltpool are
strongly affected by the gas �ow above the laser spot that forms due to evaporation of
metal and the Bernoulli effect. This is known to be the cause of powder denudation in the
vicinity of the melt track. Mathews et al. [ 27] identi�ed the particles affected by the gas
stream as a major source of the material that is added to the meltpool and contributes to the
material build up. Under standard PBF-LB/M conditions, the gas stream drags particles
from all directions into the process zone, partially moves the particles upwards, and slightly
towards the tail of the meltpool [ 32], where they are either incorporated completely into
the meltpool or just stick to the part surface. In contrast to that, direct contact of particles
with the liquid metal and dragging into the meltpool by capillary forces is only a minor
source of material added to the meltpool [27].

With respect to the present work, it is assumed, that the meltpool temperature ranges
roughly between the evaporation temperature of Ti at the impact area of the laser beam and
the solidi�cation temperature of Ti or the formed Ti-alloy, respectively, which applies for
all samples of series 1. The melt velocity that is identi�ed as a second factor for dissolution
of high melting inclusions in a Ti melt is governed by Marangoni convection and recoil
pressure. Smaller spot diameters, and hence higher laser beam intensities, generally result
in a stronger Marangoni convection and higher recoil pressure [ 28], and hence higher melt
velocities, which eases particle dissolution [ 30]. This in good agreement with Figure 4,
which implies that smaller spot diameters reduce the number of undissolved particles. The
third, and probably most important, factor for particle dissolution is the dwell time inside
the hot meltpool. A very simple estimation would be that the dwell time can be calculated
from the meltpool length and the scan speed. A slow scan speed and a long meltpool length
would consequently result in longer dwell times. This seems to be at least partially true
and could provide a possible explanation for the reduced number of undissolved particles
at 225 mm/s compared to 1200 mm/s scan speed. Since, according to reference [26], the
meltpool length is only weakly affected by the scan speed with increasing laser powder,
the time the material is in a liquid state is assumed to be longer for the slower scan speeds.
However, this does not explain why the size distribution of residual particles in all W
45 samplesis approximately equal. The more obvious assumption would have been that
samples with lower total numbers of particles also contain particles with a smaller average
diameter than samples with larger numbers of particles. However, this is not true for the
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present experiments. The particle size determined for 225 mm/s by manual measurement
in the microscope image is 13.7� m (� = 9.8 � m, n = 25) and 14.0� m (� = 9.3 � m, n = 25)
for 1200 mm/s, respectively, with both groups containing particles with a diameter in the
upper quarter of the particle size distribution that was originally introduced (see Figure 5).
This observation indicates that all samples contain particles that were affected by the hot
meltpool for an equally short time. Considering the process physics and the �ndings about
particle movement in the PBF-LB/M process zone by reference [ 27,31,32], it is likely that a
major source of undissolved high melting material are particles that were either dragged by
the gas stream around the hot area of the process zone into the already solidifying meltpool
tail or were drawn from the side of the meltpool into the liquid metal and, hence, were
not exposed to the melt for a suf�cient time to be dissolved. In addition, melt velocity and
temperature in the tail of the meltpool are lower than closer to the impact area of the laser
beam, thus resulting in slower dissolution [33].
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approximately equal particle size distributions.

To further substantiate the hypothesis that residual particles are related to denudation
and particles incorporation in the meltpool tail, experiment series 2 was conceived. The
laser power was set to 66 W, which is the lowest power that allows a stable operation of
the laser beam source. This was done to reduce laser beam intensity in the process zone
and, hence, the evaporation rate and the velocity of the consequent gas stream. This is
supposed to reduce particle movement. The scan speed was varied between 200 mm/s
(VED = 55 J/mm 3) and 100 mm/s (VED = 110 J/mm 3). Results for W 45 and Ta 45 are
plotted in Figure 6. Nb 45 and Mo 45 are provided in Appendix A.

At equal VED (55 J/mm 3), the results at 200 mm/s and 66 W are comparable or only
slightly better than the best results in series 1. With decreasing scan speed, and hence
increasing VED, the number of undissolved particles drops, which is in good agreement
with literature [ 15]. For W, the number of undissolved particles could be reduced by a
factor of ten compared to the most unfavorable parameter combination (434 particles vs.
41). Interestingly, in contrast to series 1, the number of undissolved W particles is lower at
a laser spot diameter of 100� m than at 70 � m. This correlation is less clear for Ta, Mo, or
Nb particles, since too few of those particles were detected to draw reliable conclusions.
Apparently, two opposing effects are responsible for this observation. On the one hand,
larger spot diameters reduce the strength of the vapor jet, and hence particle movement,
as intended for experiment series 2. On the other hand, melt velocity is probably reduced
due to less meltpool depression resulting from evaporation and a weaker Marangoni
convection. In the present case, 100� m spot diameter seems to be a good compromise
between both effects, hence resulting in low numbers of undissolved particles.
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Figure 6. Results of experiment series 2 (see Table 2); constant laser power of 66 W; volumetric energy
density scales with scan speed (110�55 J/mm3).

Besides particle dissolution, a homogeneous distribution of alloying element in the
material is crucial for in situ alloy formation. SEM-images shown in Figure 7 indicate
that, even at equal VED and spot diameter, parameter combinations with a higher laser
power/intensity and a higher scan speed result in a higher degree of homogenization due
to increased mixing in the meltpool.
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Figure 7. SEM-images of two samples from series 1 and series 2 (see Table 2) with equal volumetric energy density (VED)
(55 J/mm 3); images recorded with equal SEM-settings (HV = 20 kV, I A = 5.5 nA, CBS; FEI Helios Nanolab 600); �ow marks
clearly visible in the Ta 45 sample.

The low laser powder approach investigated by experiment series 2 proved to be
bene�cial in terms of particle dissolution but is less effective in terms of achieving a
homogeneous element distribution. As a consequence, experiment series 3 was conceived
to achieve good particle dissolution and improved homogenization. The hypothesis behind
series 3 is that a double exposure can reduce the number of undissolved particles by two
mechanisms. On the one hand, the material is melted a second time, hence increasing the
average dwell time in the hot meltpool. This is also supposed to increase homogeneity of
element distribution. On the other hand, a substantial number of high melting particles
are already �xed inside the consolidated material during the second exposure and hence
cannot be moved into the solidifying meltpool tail by the gas stream. A possible drawback
of a double exposure is a higher degree of selective evaporation of elements with lower
boiling point that would lead to deviations from the target concentration. This effect
is described for electron beam melting, e.g., by reference [34], and is also observed for
PBF-LB/M of Ti-6Al-4V in previous work [ 24]. Considering this, in addition to a simple
repetition of identical PBF-LB/M parameters, a pre-melting step with low VED/laser beam
intensity (500 � m spot diameter, 100 W laser power, 600 mm/s scan speed, 250� m hatch)
for powder �xation followed by the actual consolidation was introduced. Figure 8 shows a
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microsection of a pre-melted layer with undissolved particles and incomplete fusion as a
result of the low VED.
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Figure 8. Pre-melted layer with low VED/laser beam intensity parameters set (500 � m spot diameter,
100 W laser power, 600 mm/s scan speed, 250� m hatch, Ta 45).

Since little to no evaporation is expected during low laser beam intensity pre-melting,
the loss of volatile elements should be approximately equal to single exposure, which could
be advantageous for later in-situ alloying experiments. The results of experiment series 3
are plotted in Figure 9. Both double exposures perform equally well in terms of particle
dissolution and are superior to single exposure with decreasing difference towards higher
scan speeds. These �ndings further substantiate the assumption that particle incorporation
in the meltpool tail is a main source of undissolved particles. Following the low-VED
pre-melting step, few to zero particles are dissolved, but the powder is �xed in place (see
Figure 8), and less particles can be dragged into the solidifying meltpool tail, during the
actual layer consolidation with the second exposure. Since the sample size is small (5 mm
cube) and the PBF-LB/M process is very dynamic, some degree of particle movement is
still expected, which explains the remaining number of undissolved particles.
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Figure 9. Results of experiment series 3 (see Table 2): single exposure, simple double exposure,
double exposure with low VED pre-melting, laser power scales linearly with the scan speed (VED
55 J/mm 3), sample at 1050 mm/s not available.

4. Conclusions
The present work investigates the dissolution of high melting W, Ta, Mo, and Nb

particles in a Ti matrix during the PBF-LB/M process. The following �ndings were obtained
by own experiments and discussion with literature:
� The number of undissolved high melting particles in in-situ alloyed PBF-LB/M sam-

ples is affected by laser power, scan speed, spot diameter, and a double exposure.
� A higher volumetric energy density (VED), in general, decreases the number of

undissolved particles, but the VED alone is insuf�cient to explain the complex interde-
pendencies of PBF-LB/M process parameters.
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� Powder movement by the gas stream in the vicinity of the PBF-LB/M process zone
(denudation) was identi�ed as a major source of undissolved high melting particles.
Particles that are dragged into the colder, less turbulent, and already solidifying
meltpool tail presumably cannot be dissolved anymore and remain in the material.

� Parameter combinations with low laser power and low scan speed proved to be
bene�cial for particle dissolution. The reasons are probably less powder movement, a
shorter meltpool tail and a longer interaction time with the laser beam.

� Double exposure strategies can reduce the number of undissolved particles compared
to single exposure. A low-VED pre-melting step for powder �xation proved to be
equally effective in reducing the number of high melting particles than a simple double
exposure with identical parameters.
In general, the number of remaining high melting particles could be at least reduced

by a factor of ten compared to the least favorable parameter combination for W. In case of
Mo and Nb, samples with a complete fusion of the high melting particles were obtained.
These results can be of value for future research on in-situ alloy formation of Ti-based
alloys, alike shape memory alloys, bulk metallic glasses, or compositionally complex alloys.
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Figure A1. Results of experiments series 1 (also see Table 2); measurement area 3.8 mm2.
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Figure A2. Results of experiments series 2 (also see Table 2); measurement area 3.8 mm2.
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Figure A3. Results of experiments series 3 (also see Table 2); measurement area 3.8 mm2.
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powder and material properties, the PBF-LB/M parameter set and the number of undissolved 

particles following PBF-LB/M and in-situ alloy formation. This information is taken up in the 

following chapters 5 and 6 and is used for the selection of possible alloying elements for the 

modification of Ti-alloys and for the development of PBF-LB/M process strategies for the in-

situ alloy formation of refractory metal high entropy alloys.  

In summary the working hypothesis formulated in chapter 3 are confirmed by the investigations 

presented in chapter 4: 

Discussion of initial hypotheses:  

The number of undissolved high melting particles in LPB-LB/M samples produced by in-situ 

alloy formation is severely affected by the PBF-LB/M parameters scan speed, laser power, 

laser spot diameter and exposure pattern. The findings indicate that the complex interplay 

between meltpool dynamics, powder denudation and powder entrainment phenomena needs 

to be taken into account when developing suitable strategies to mitigate the occurrence of 

undissolved particles. Adjusted PBF-LB/M parameter sets and multiple exposures are found 

to be beneficial for the dissolution of high melting particles.  

Besides the PBF-LB/M parameters, the thermo-physical properties of the elements applied 

are an important factor for the success of in-situ alloy formation. An estimate based on own 

experiments and literature sources suggests that complete dissolution of the powder particles 

during in-situ alloy formation is most likely to succeed when the melting point differences 

between the alloying elements are smaller than 450 K. Higher differences between 450 K and 

955 K necessitate adjusted process strategies, while melting point differences greater than 

955 K will most likely result in residual undissolved high melting particles in the PBF-LB/M 

part. However, the number of the undissolved inclusions can still be reduced by the adjusted 

process strategies.   

Reducing the size of high melting particles used for in-situ alloy formation is considered 

beneficial. It is shown that a smaller median particle size reduces the amount of undissolved 

W in a Ti matrix in terms of mass / volume content. However, it is furthermore shown, that 

different particle sizes affect the interactions in the PBF-LB process zone. Hence, when de-

veloping PBF-LB/M parameter sets to mitigate occurrence of undissolved particles, the par-

ticle size distribution needs to be taken into account. Different particle size distributions of 

high melting alloying elements will necessitate slightly different PBF-LB/M parameter sets 

to minimize occurrence of undissolved high melting particles.  
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Abstract: The aim of this work is to investigate the � -Ti-phase-stabilizing effect of vanadium
and iron added to Ti-6Al-4V powder by means of heterogeneous powder mixtures and in situ
alloy-formation during laser powder bed fusion (L-PBF). The resulting microstructure was analyzed
by metallographic methods, scanning electron microscopy (SEM), and electron backscatter diffraction
(EBSD).The mechanical properties were characterized by compression tests, both prior to and after
heat-treating. Energy dispersive X-ray spectroscopy showed a homogeneous element distribution,
proving the feasibility of in situ alloying by LPBF. Due to the � -phase-stabilizing effect of V and Fe
added to Ti-6Al-4V, instead of an � ’-martensitic microstructure, an � / � -microstructure containing
at least 63.8%� -phase develops. Depending on the post L-PBF heat-treatment, either an increased
upsetting at failure (33.9%) compared to unmodi�ed Ti-6Al-4V (28.8%), or an exceptional high
compressive yield strength (1857 � 35 MPa compared to 1100 MPa) were measured. The hardness of
the in situ alloyed material ranges from 336 � 7 HV0.5, in as-built condition, to 543 � 13 HV0.5 after
precipitation-hardening. Hence, the range of achievable mechanical properties in dependence of the
post-L-PBF heat-treatment can be signi�cantly expanded in comparison to unmodi�ed Ti-6Al-4V,
thus providing increased �exibility for additive manufacturing of titanium parts.

Keywords: laser powder bed fusion (L-PBF); additive manufacturing; titanium alloys; microstructure;
compression test

1. Introduction

Laser powder bed fusion (L-PBF), also referred to as selective laser melting (SLM) or laser
beam melting (LBM), is currently the most widely used technique for additive manufacturing of
metals [1]. Figure 1 shows a basic schematic of the process. Especially for demanding applications,
e.g., in the aerospace industry [2] or for medical implants [ 3] titanium alloys are of particular interest.
The most important titanium alloy for L-PBF applications is Ti-6Al-4V [ 4]. L-PBF of Ti-6Al-4V is,
in general, well understood and standard parameter sets are available for numerous commercial L-PBF
systems (e.g., EOS M 290 [5] or SLM 280 [6]). Recent scienti�c publications focus, for example, on the
microstructure evolution [ 7] or the fatigue behavior [ 8] of Ti-6Al-4V processed by L-PBF. However,
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the usageof alternative titanium alloys for L-PBF is rather uncommon. Reasons for this are an elaborate
development of process parameters for new alloys and the limited availability of suitable pre-alloyed
powders as starting material for L-PBF. The atomization of special alloys on demand is possible, but
generally linked with high costs. One approach for developing new Ti alloys for L-PBF is in situ
alloying from heterogeneous powder mixtures made from commercially available standard powders.
Aiming for an increased wear resistance, Gu [ 9] reported a similar approach for producing metal
matrix composites. For this purpose, SiC and commercially pure Ti powder were blended using a
ball mill. After L-PBF, the resulting parts showed an elevated microhardness (>980 HV0.3) and wear
resistance in comparison to pure Ti. With respect to antibacterial properties, Macpherson et al. [ 10]
published a study on adding Cu and Ag to Ti-6Al-4V by in situ alloying. Energy dispersive X-ray
spectroscopy (EDS) measurements showed a homogeneous distribution of the added elements after
L-PBF. Also motivated by medical applications, Sing et al. [ 11] investigated in situ alloying of Ti with
50 wt % Ta, and showed that a microstructure predominantly consisting of � -phase evolved. However,
no heat-treatments were performed to adjust the mechanical properties and to remove the internal
stress induced during L-PBF, and the homogeneity of the element distribution after L-PBF was partly
not investigated. Furthermore, with respect to load-bearing applications, e.g., in the aerospace industry,
alloy compositions different than those described in the abovementioned works, are required. Due to
their exceptional mechanical properties and, especially, their high cycle fatigue strength, metastable
� -Ti alloys, like Ti-10V-2Fe-3Al, are becoming increasingly important for aircraft parts [ 12]. Thus, aim
of this work is to investigate the modi�cation of Ti-6Al-4V with the � -phase-stabilizing elements, V and
Fe, by means of heterogeneous powder mixtures and in situ alloying during L-PBF. Following L-PBF,
different heat-treatments were conceived and applied to the in situ alloyed samples. Subsequently,
the resulting element distribution, as a criterion for a successful in situ alloy formation, as well as the
microstructure and the mechanical properties, were analyzed.
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Figure 1. Schematic of the L-PBF process.

2. Materials and Methods

The predominantly spherical Ti-6Al-4V with a particle size distribution of 15�45 � m, used in this
work, was obtained from AP&C Advanced Powders and Coatings Inc. (Boisbriand, QC, Canada).
The irregular-shaped V and Fe powders, also with a nominal particle size distribution of <45 � m, were
provided by PMCtec GmbH (Leun Germany) and NMD GmbH (Heemsen, Germany), respectively.
The chemical composition of the powders was analyzed by EDS and are listed in Table 1. Figure 2
shows scanning electron images (SEM) of the powders. For the L-PBF experiments,the Ti-6Al-4V
powder was blended with commercially pure Fe and V powder (ratio: 91.67 Ti-6Al-4V/2.00
Fe/6.33 V). The mixing procedure was experimentally developed and comprises vibration sieving
to break up potential agglomerates, and subsequent mixing for two hours in a Turbula fi -mixer from
Willy A. Bachofen AG (Muttenz, Switzerland). The intention was to achieve a relative element
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distribution throughout the heterogeneous powder mixture close to the commercial metastable � -alloy
Ti-10V-2Fe-3Al. Since an exact Al concentration of the target alloy is not achievable by adding Fe and
V to Ti-6Al-4V powder, the resulting nominal elemental distribution is 82.5 Ti/10 V/2 Fe/5.5 Al and,
therefore, shows a slightly higher aluminum content than the target alloy. Despite the non-spherical
particle shape of the Fe and V powders, the powder system obtained from the mixing procedure can
be recoated to homogeneous layers without signi�cant imperfections. This was veri�ed visually by an
illumination setup and a high-resolution camera.

Table 1. Chemical composition of the powder batches used in this study determined by EDS analysis.

Material Ti Al V Fe Si

Speci�cation
Ti-6Al-4V (wt %) [ 13] bal. 5.5�6.75 3.5�4.5 0.0�0.3 -

Ti-6Al-4V (wt %) 89.3 6.3 4.2 0.2 -
Fe (wt %) - - - 99.8 0.1
V (wt %) - - 99.9 - -

standard deviation < 0.1 wt %
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(c) Fe powder.

To analyze the effect of the addition of V and Fe to Ti-6Al-4V by in situ alloying on the microstructure
and the mechanical properties, 30 cylindrical samples with the dimensions Ø 7.5 mm � 19 mm were
manufactured using a SLM 50 L-PBF-machine from Realizer GmbH (Borchen, Germany). Eighteen
samples were built with Ti-6Al-4V powder modified with V and Fe, while 12 sampleshave been built
with non-modified Ti-6Al-4V powder as reference group. The parameter sets used for manufacturing
the specimens are listed in Table 2. The parameters were experimentally developed and facilitate the
production of parts with relative densities above 99.9%. For each powder material, the parameter set
facilitating the highest relative densities was selected from a series of 36 test samples, that were built with
varying scan speeds (300, 600, and 900 mm/s), spot diameters (40 and 70� m), and hatch distances (60, 90,
and 120 � m). The highest relative densities for the Ti-6Al-4V + 2Fe + 6V powder mixture are achievable
with a reduced spot diameter compared to unmodified Ti-6Al-4V. This is probably due to the altered
chemical composition.

Table 2. Parameter sets used for manufacturing the samples.

Material Laser Power Scan Speed Spot Diameter Hatch Distance Layer Thickness

Ti-6Al-4V 100 W 600 mm/s 70 � m 60 � m 30 � m
Ti-6Al-4V + 2Fe + 6V 100 W 600 mm/s 40 � m 60 � m 30 � m
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Following the L-PBF process, a group of six samples of each material was heat-treated at
850 � C for two hours, and cooled in the furnace. This heat-treatment, which was developed for
Ti-6Al-4V from L-PBF, was derived from Vrancken et al. [ 14], and also applied in previous work [ 15].
All heat-treatments were performed in a furnace constantly �ushed with argon to reduce oxidation
and oxygen absorption. Furthermore, an additional heat-treatment for a group of six Ti-6Al-4V +
2Fe + 6V samples was conceived. It comprised a solution heat-treatment at 1050� C (above � -transus
temperature) for 20 min, followed by water quenching and annealing at 500 � C for eight hours.
These values were partially derived from [ 12]. The intention of this heat-treatment is to dissolve the
microstructure developed during L-PBF by the occurring phase transition related to the temperatures
above � -transus temperature, and the subsequent water quenching. For achieving a strengthening
effect, the homogeneous precipitation of �ne dispersed � -phase within the � -phase matrix by the
annealing at 500 � C is proposed. The heat-treatments used in this work are summed up in Table 3.
The S 1050� C + PH heat-treatment was not applied to the unmodi�ed Ti-6Al-4V reference samples,
since, without the presumed � -phase-stabilizing effect of the Fe and V addition, the formation of
� ’-martensite, instead of � -phase, that would be required for the precipitation-hardening after water
quenching, is to be expected.

Table 3. Heat-treatments applied to the specimens.

AN 850 � C Annealed at 850 � C, 2 h

S 1050� C + PH Solution heat-treated at 1050 � C, 20 min; water quenched;
precipitation-hardened at 500 � C, 8 h

The resulting microstructure in dependence of the alloy composition and the heat-treatment
condition was characterized by analyzing metallographically prepared cross-sections by means of EDS,
scanning electron imaging (SEM), and electron backscatter diffraction (EDSB). For this purpose, the
specimens were grinded and polished with 3 � m diamond suspension, followed by a polishing step
with active oxide polishing suspension (OPS) and hydrogen peroxide. To reveal the microstructure,
the samples were cleaned in an ultrasonic bath and etched with Kroll’s reagent (H 2O, HNO 3, HF)
for 8 s and investigated by optical microscopy. The mechanical properties were characterized by
compression tests and hardness measurements. The microhardness was measured using a KB 30 S
device from Hegewald & Peschke Meß- und Prüftechnik GmbH (Nossen, Germany). For determining
the compression properties, �ve samples of each group have been processed to specimens with
the dimensions Ø 6 mm � 9 mm by successive turn-milling and grinding. Further information on
the experimental setup is given in prior work [ 16]. The tests were performed in accordance with
DIN 50106 [17].

3. Results and Discussion

One criterion for the success of the in situ alloying approach, by means of heterogeneous powder
mixtures and L-PBF, is to accomplish the desired elemental distribution homogeneously throughout the
L-PBF part. This was investigated by EDS. As shown in Figure 3, after annealing at 850 � C, only minor
inhomogeneity is visible, and the elements are evenly distributed across the part. The original powder
particles with a size of 1 to 45 � m are completely fused and mixed, and no unmelted areas consisting of
pure V, Fe, or Ti-6Al-4V are visible. A signi�cant demixing effect of the powder particles during powder
handling or recoating was not observed, as the element concentration in the resulting parts was found to
be homogeneous. The resulting alloying element concentration was determined to be 81.9� 0.06 wt %
titanium, 10.8 � 0.05 wt % vanadium, 2.0 � 0.03 wt % iron, and 5.2 � 0.06 wt % aluminum, and is
therefore close to the expected 82.5 Ti/10 V/2 Fe/5.5 Al composition. The slightly lower amount of
aluminum, in comparison to the calculated value of 5.5 wt %, presumably originates from aluminum
evaporation during L-PBF, that was also observed in previous work [ 18]. The EDS results demonstrate
the general feasibility of in situ alloying for developing new Ti alloys for L-PBF applications.
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Figure 3. EDS analysis of the in situ alloyed Ti-6Al-4V + 2Fe + 6V material; from left to right: elemental
mapping for the elements V, Al, Fe, and Ti.

The resulting microstructure in dependence of the alloy composition and the heat-treatment is
shown in Figure 4. In as-built condition, the Ti-6Al-4V reference samples consist of an � ’-martensitic
microstructure with elongated, columnar prior � -grains, and a hardness of 424 � 11 HV0.5.
The � ’-martensite is formed due to the high cooling rates in the range of 106 K/s [ 19], that are related
to the L-PBF process. This is well in accordance with literature (e.g., [20]). A heat-treatment at 850 � C
leads to a decomposition of the � ’-martensite into �ne acicular � -phase surrounded by � -phase, while
the prior � -grains remain visible, since the � -transus temperature of Ti-6Al-4V at around 960 � C [12] is
not exceeded. The hardness is reduced to 364� 14 HV0.5, due to the change in microstructure. The
amount of � -phase was determined to be 15% by EBSD measurements.

V and Fe addition to Ti-6Al-4V, by means of in situ alloying, results in a signi�cant change in
the microstructure compared to unmodi�ed Ti-6Al-4V reference samples. No � ’-martensite is formed
during L-PBF of the in situ alloyed samples, and the hardness is with 336 � 7 HV0.5, signi�cantly
lower than the hardness of the unmodi�ed alloy in as-built condition, with 424 � 11 HV0.5. Instead,
a microstructure consisting of intertwined � - and � -grains evolves (Figures 4 and 5). EBSD
measurements show the presence of at least 63.8%� -phase and 26.6%� -phase (9.6% unresolved
areas, presumed to be predominantly � -phase) in as-built condition. The � -phase-stabilizing effect of
the elements V and Fe [12] can, therefore, be con�rmed for the L-PBF process.

Heat-treatment of the Ti-6Al-4V + 2Fe + 6V samples at 850 � C results in cellular � -grains
with � -phase located at the grain boundaries and acicular � -phase platelets inside the � -grains
(Figures 4 and 5). Due to the microstructural changes, it is assumed that a complete phase transition
takes place during the 850 � C heat-treatment, and the as-built microstructure is dissolved. This
indicates that the � -transus temperature of the in situ alloyed material is reduced below 850 � C by
the � -phase-stabilizing effect the alloying elements V and Fe (see also� -transus temperature of the
commercial alloy Ti-10V-2Fe-3Al at 800 � C [21]). During the subsequent cooling, from 850 � C to room
temperature in the furnace, a more equilibrium material state evolves than during the L-PBF process,
that comprises cooling rates in the range of 106 K/s [ 19]. Due to the lower cooling rates, slightly less
� -phase with a share of 57.8% is obtained after the 850� C heat-treatment, than directly after L-PBF.
Solution heat-treatment at 1050 � C, and subsequent water quenching and precipitation heat-treatment
leads, as intended, to very �ne, homogeneously distributed nm-scale � -precipitations inside cellular
� -grains (Figures 4 and 5). The very high hardness of 534 � 13 HV0.5, measured for the sample,
presumably originates from these precipitations, and indicates a high mechanical strength.
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and (d): SEM images of the in situ alloyed Ti-6Al-4V + 2Fe + 6V samples. 

The effect of in situ alloying and the heat-treatments on the mechanical properties of the material 
was investigated by compression tests. The resulting mean compressive yield stresses (�—d0.2) out of 
five samples, which are evaluated at a plastic upsetting of 0.2%, are shown in Figure 6 (left). 
Furthermore, �‰dtM,min , representing the minimal upsetting at fa ilure measured in each group of five 
samples, is plotted in Figure 6 (right). The failure is characterized by the break of the specimen under 
pressure load. In as-built condition, the Ti-6Al-4V + 2Fe + 6V material reaches a slightly lower yield 
strength than the Ti-6Al-4V refe rence group, but the minimal upsetting at failure increases from 
17.2% to 25.2% as a consequence of the in situ alloying. The 850 °C heat-treatment increases the 

Figure 4. Resulting microstructure and microhardness ( n = 8) in dependence of the alloy composition
and the heat-treatment (oxide polishing suspension (OPS)-polished and etched with Kroll’s reagent):
(a) Ti-6Al-4V as-built, ( b) Ti-6Al-4V heat-treated at 850 � C, (c) Ti-6Al-4V + 2Fe + 6V as-built,
(d) Ti-6Al-4V + 2Fe + 6V heat-treated at 850 � C, (e) Ti-6Al-4V + 2Fe + 6V solution heat-treated at
1050� C and precipitation-hardened.
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Figure 5. (a,b): EBSD phase-mapping, (c): EBSD inverse pole �gure (ipf) map corresponding to ( b,d):
SEM images of the in situ alloyed Ti-6Al-4V + 2Fe + 6V samples.

The effect of in situ alloying and the heat-treatments on the mechanical properties of the material
was investigated by compression tests. The resulting mean compressive yield stresses (� d0.2) out of �ve
samples, which are evaluated at a plastic upsetting of 0.2%, are shown in Figure 6 (left). Furthermore,
" dtM,min , representing the minimal upsetting at failure measured in each group of �ve samples, is
plotted in Figure 6 (right). The failure is characterized by the break of the specimen under pressure
load. In as-built condition, the Ti-6Al-4V + 2Fe + 6V material reaches a slightly lower yield strength
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than the Ti-6Al-4V reference group, but the minimal upsetting at failure increases from 17.2% to
25.2% as a consequence of the in situ alloying. The 850� C heat-treatment increases the minimal
upsetting at failure for pure Ti-6Al-4V, as well as for the modi�ed alloy, due to microstructural changes
shown in Figures 4 and 5. The in situ alloyed and 850 � C heat-treated samples again show a higher
upsetting at break of 33.9% compared to 25.2% of the Ti-6Al-4V reference group. This behavior can be
explained by the increased amount of � -phase (from 15% to 58%) resulting from in situ alloying with
the � -phase-stabilizing elements V and Fe (Figure 5). The� -phase provides a higher amount of slip
planes due to its body-centered cubic (bcc) structure in comparison to the hexagonal close-packed (hcp)
structure of the � -phase [12] and, therefore, the ductility and, hence, the upsetting at fracture increases.
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Figure 6. Compressive yield stress and minimal upsetting at failure out of �ve samples in dependence
of the alloy composition and the heat-treatment. ( Left ): compressive yield stress; (right ): upsetting
at failure.

In contrast to that, the 1050 � C heat-treatment results in an exceptional high compressive yield
stress of 1857� 35 MPa for the in situ alloyed Ti-6Al-4V + 2Fe + 6V samples. This value signi�cantly
surpasses Ti-6Al-4V and, also, the commercial alloy Ti-10V-2Fe-3Al at a similar heat-treatment state
with a compressive yield stress of 1145 MPa [21]. This is probably related to the strengthening effect of
the nm-scale � -precipitations observed in Figure 5. A possible explanation for the higher compressive
yield stress in comparison to Ti-10V-2Fe-3Al is the � -phase-stabilizing effect of the higher amount of
aluminum of the in situ alloyed Ti-6Al-4V + 2Fe + 6V material. Additionally, oxygen, that might have
been taken up during L-PBF, could act as � -phase stabilizer. This could possibly lead to an increased
amount of � -phase precipitations compared to forged and heat-treated commercial Ti-10V-2Fe-3Al,
and might explain the elevated compressive yield stress. However, the upsetting at fracture of the
1050� C heat-treated Ti-6Al-4V + 2Fe + 6V shows a comparable low value of 4.3%, which is signi�cantly
below the values measured for Ti-6Al-4V, but is in good agreement with an elongation at break of
4.0% speci�ed for the commercial alloy Ti-10V-2Fe-3Al with a similar heat-treatment state [ 21]. As a
result of the modi�cation of Ti-6Al-4V with V and F, the range of achievable mechanical properties in
dependence of the heat-treatment is signi�cantly expanded.

4. Conclusions

In summary, this publication describes the modi�cation of Ti-6Al-4V with the � -phase-stabilizing
elements V and Fe by means of heterogeneous powder mixing and in situ alloying during L-PBF.
The � -phase-stabilizing effect of the elements Fe and V, and the general feasibility of in situ alloying for
the swift development of new alloys for L-PBF-applications, are con�rmed. The results demonstrate
the possibility of obtaining a metastable � -Ti alloy close to the commercial alloy Ti-10V-2Fe-3Al from
Ti-6Al-4V, V, and Fe powder without the need for expensive atomization of customized pre-alloyed
powder. EBSD analysis shows a � -phase content of at least 63.8% in as-built condition, whereas
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unmodi�ed Ti-6Al-4V develops an � ’-martensitic microstructure. In dependence of the post-L-PBF
heat-treatment either an increased minimum upsetting at failure of 33.9%, in comparison to 28.8%
for unmodi�ed Ti-6Al-4V, or an exceptional high compressive yield strength of 1857 � 35 MPa in
comparison to about 1100 MPa for unmodi�ed Ti-6Al-4V, can be achieved. The hardness of the
in situ alloyed material ranges from 336 � 7 HV0.5, in as-built condition, to 543 � 13 HV0.5 after
precipitation-hardening. Modi�cation of Ti-6Al-4V with Fe and V consequently expands the range
of mechanical properties that can be achieved in dependence of the heat-treatment. This provides
additional �exibility for developing sophisticated titanium parts with tailored material properties.
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A B S T R A C T   

Aim of this work is to gain a comprehensive understanding of the effects of an increasing β-phase stability of Ti- 
alloys on the L-PBF processing behavior. For this purpose, seven different Ti-alloys with an increasing concen-
tration of the β-phase stabilizing elements Fe and V were prepared by L-PBF and in-situ alloy formation. The 
Molybdenum equivalent (Moeq) of the examined alloys, as a measure of β-phase stability, was varied system-
atically between � 3.3 and 25. It is shown that a homogeneous distribution of elements is achievable by in-situ 
alloying. The experiments prove that the investigated alloys can be processed by a single L-PBF parameter set 
with high relative density above 99.8%. This finding is substantiated by calculated thermo-physical material 
properties and an analytical model. To understand the underlying metallurgical effects governing the L-PBF 
results, the samples were investigated extensively by EDS, EBSD, XRD, light microscopy and compression tests. 
The β-phase fraction varies in dependence of the Moeq between 0% and 99%. Because of rapid solidification 
inherent in L-PBF a Moeq of 10 is sufficient to receive more than 90% β-phase. The same amount of β-phase after 
furnace cooling was only observed in alloys with Moeq of 20 or more. While all alloy compositions can be 
processed with high relative density of over 99.8%, alloys with a Moeq between 15 and 20 show a brittle material 
behavior in as-built state, resulting in cracking during L-PBF. This behavior is attributed to the formation of 
ω-phase during L-PBF. In contrast, the highest β-stabilized alloy with a nominal Moeq of 25 exhibits a very high 
ductility with a fracture strain exceeding 50%.   

1. Introduction 

Currently, the most relevant process for additive manufacturing of 
metals is Laser Powder Bed Fusion (L-PBF) [1], which is also referred to 
as Selective Laser Melting (SLM) or Laser Beam Melting (LBM). The basic 
principle of the process, as shown in Fig. 1, comprises an iteration of 
powder recoating, selective consolidation with a laser beam and 
lowering of the build platform. This layerwise manufacturing approach 
facilitates an almost unlimited degree of design freedom and allows the 
production of complex geometries. For manufacturing of high perfor-
mance parts e.g. in the aerospace industry [2] or for medical applica-
tions [3] additive manufacturing of titanium alloys is of interest. The 

alloy Ti–6Al–4V is by far the most widely used titanium alloy for L-PBF 
applications [4]. Reasons for this are its balanced material properties, 
the fact, that it is very well investigated ([5] or [6]) and standard pro-
cessing parameters are available for a majority of commercial L-PBF 
machines (e.g. GE Additive M2 series [7] or SLM Solutions SLM 280 [8]). 
Ti–6Al–4V is an α-β Ti-alloy [9], which forms an α′-martensitic structure 
when processed by L-PBF [10]. This is due to the high cooling rates 
which are inherent to L-PBF thus limiting diffusion processes. In 
Ref. [11] a cooling rate in the range of 106 K/s was determined by nu-
merical simulations. This value is in good agreement with experimental 
measurements in Ref. [12], that show cooling rates between 1–40 × 106 

K/s. By applying a heat-treatment below the β-transus temperature of 
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the alloy, the α′-martensite decomposes into a fine microstructure con-
sisting of acicular α-Ti and some remaining β-phase [5], thus increasing 
the ductility of the material. The mechanical properties of Ti–6Al–4V 
processed by L-PBF are comparable or in some aspects even superior to 
conventionally manufactured material. Qiu et al. report a 0.2% yield 
strength of >1000 MPa for as-built samples [13]. However, the fracture 
strain reaches only 7%–10%, probably because of the martensitic 
microstructure. Heat-treating and hot isostatic pressing respectively 
slightly reduces the 0.2% yield strength to 925 MPa–1000 MPa but leads 
to a significant increase in fracture strain to 15%–18% [13]. Current 
research on laser powder bed fusion of Ti–6Al–4V investigates for 
example the effect of oxygen intake during manufacturing on the me-
chanical properties [14] or the evolution of residual stress in depen-
dence of the process parameters [15]. 

Additive manufacturing of Ti-alloys other than Ti–6Al–4V is signif-
icantly less investigated. Some studies focus on L-PBF of the commer-
cially pure (cp) grades [17]. Mainly for biomedical applications, L-PBF 
of Ti–6Al–7Nb is investigated, since it features a superior biocompati-
bility than Ti–6Al–4V due to the absence of Vanadium [18]. However, 
Ti–6Al–7Nb is an α-β Ti-alloy like Ti–6Al–4V and possess rather similar 
properties. In contrast to that, metastable β-Ti alloys would be of interest 
since they reach a superior strength to weight ratio due to the possibility 
of precipitation hardening and feature a superior room temperature 
ductility resulting from the body centered cubic (bcc) crystal structure 
[9]. Because of this, the application of metastable β-Ti-alloys like Ti–10 
V–2Fe–3Al in the aerospace industry is increasing [19]. Metastable β-Ti 
alloys are Ti-alloys that contain a sufficient amount of β-stabilizing el-
ements to obtain only β-phase after quenching from a temperature above 
β-transus to room temperature [20]. As shown in Fig. 2 β-phase stabi-
lizing elements are classified in β-isomorphous elements like Nb or V and 
β-eutectoid elements that tend to form intermetallic phases at higher 
concentrations like Fe and Cr [9]. 

Both, empirical and theoretical approaches can be used to predict the 
affinity of an alloy to form either β-Ti or α-Ti [21]. Theoretical ap-
proaches date back to the electron concentration rules proposed by 
Hume-Rothery [22]. In more recent work e.g. Tegner et al. [23] apply 
density functional theory calculations to determine the single-phase 
stability in dependence of the alloying element. Huang et al. [24] pre-
sent ab initio calculations of formation energies of transition metal 
solutes in the α-, β- and ω-phases of Ti also based on density functional 
theory. This data is used to derive stabilization energies and respective 
phase diagrams and to assess the β-stabilization strength of the investi-
gated alloying elements. The calculated values are in good agreement 
with experimental data, but still show some quantitative discrepancies, 
which become larger for weaker β-phase stabilizers like Zr. Huang et al. 
[24] explain these differences by unavoidable model simplifications, 
neglection of diffusion effects and discrepancies in experiments like 
impurities. Also, the formation of intermetallic and martensitic phases is 
not taken into account. Nevertheless, theoretical calculations can be a 

valuable tool for predicting the single-phase stability of α-, β-, and 
ω-Ti-phases [25]. 

Besides theoretical approaches, in engineering praxis empirical 
models are established to conveniently predict the β-phase stability of a 
certain alloy. The so-called molybdenum equivalent (Moeq) can be used 
to evaluate the affinity of an alloy to form β-Ti rather than α-Ti. An 
established version of the Moeq is calculated by the following formula:  

Moeq = 1.0 (wt.% Mo) + 0.67 (wt.% V) + 0.44 (wt.% W) + 0.28 (wt.% Nb) +
0.22 (wt.% Ta) + 2.9 (wt.% Fe) + 1.6 (wt.% Cr) + 1.25 (wt.% Ni) + 1.7 (wt.% 
Mn) + 1.7 (wt.% Co) – 1.0 (wt.% Al)                                                       

The factors for each element are determined by dividing the con-
centration of Mo needed to receive only β-phase after quenching by the 
concentration need for a specific element. The aluminum concentration 
is subtracted since aluminum stabilizes α-Ti. Similar to the Moeq an 
aluminum equivalent can be calculated, that considers the effect of 
neutral and α-stabilizing elements [26]:  

Aleq = 1.0 (wt.% Al) + 0.17 (wt.% Zr) + 0.33 (wt.% Sn) + 10 (wt.% O) + 10 
(wt.% N)                                                                                              

According to Refs. [25,27] alloys with a Moeq greater than ten are 
considered metastable β-Ti alloys. Besides the formula presented above, 
different versions of Moeq have been proposed, that are more accurate in 
certain cases. Especially the contribution of weaker β-stabilizers like Zr 
is still subject of ongoing investigations. Based on experimental data, in 
Jiang et al. [28] a consideration of Zr as weak β-stabilizer with a factor of 
0.31 and a slightly increase of the factor for Nb to 0.33 is proposed. 
Wang et al. [21] showed, that their variant of the Moeq, which is derived 
from the slope of boundary lines between the β and (α+β) phase zones in 
binary Ti-M phase diagrams is more accurate for low-E β-Ti-alloys like 
Ti–24Nb–4Zr-7.9Sn than the older formula. Despite slightly different 
factors for most alloying elements a strong difference to the formula 
presented above is the consideration of Zr and additionally Sn as β-sta-
bilizers, which is in accordance with theoretical calculations by Huang 
[24]. However, since only Al, V and in limited amounts Fe are used as 
alloying elements in the present work and Zr and Sn are not present, the 
different formulas for Moeq provide rather similar results, which are also 
in good agreement with theoretical calculations. Consequently, since it 
is the most prominent one, widely used in literature and sufficiently 
evaluated for the alloy class investigated in the present work, the older 
Moeq formula reported by Bania [27] is used in the following. 

These considerations show that (metastable) β-Ti-alloys possess a 
more complex metallurgy compared to α- and near α-Ti-alloys, which is 
one of their drawbacks. As a consequence, the weldability is decreased 
and processing requires a higher level of control of the thermo- 
mechanical conditions [9]. This might be one reason why there is only 
little work on L-PBF of metastable β-Ti-alloys. Zopp et al. [29] investi-
gated processing of the metastable β-Ti-alloy Ti–5Al–5Mo–5V–3Cr in a 
single study. It is shown, that L-PBF of Ti–5Al–5Mo–5V–3Cr with high 

Fig. 1. Schematic of the L-PBF process (reproduced from Ref. [16]).  
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relative density above 99.9% is possible, but no material properties were 
published. In a previous study we investigated in-situ alloy formation 
from powder mixtures of an alloy close to the commercial metastable 
β-Ti-alloy Ti–10 V–2Fe–3Al [30]. In contrast to other studies on in-situ 
formation of Ti-alloys by Polozov et al. [31], Sing et al. [32] or 
Yadroitsev et al. [33] no unmolten particles were detected in our sam-
ples [30]. By adding 50 wt % Tantalum, Sing et al. [32] showed, that 
samples consisting completely of β-phase and some remaining unmolten 
Tantalum could be manufactured by L-PBF, thus increasing ductility and 
reducing the Young’s modulus. Yadroitsev et al. [33] investigated in-situ 
alloy formation of a TiMo15 alloy from elemental powders. However, 
they also observed unmolten Mo-particles and an inhomogeneous 
Mo-distribution. Similar results were reported by Wang et al. [37], who 
investigated in-situ alloy formation of Ti–35Nb from elemental powders. 
No complete dissolution of the Nb-particles was achieved during L-PBF. 
However, annealing at 1000 ◦C lead to a significant increase in material 
homogeneity. Krakhmalev et al. [34] examined the addition of 1 wt% 
copper to Ti6Al4V ELI mainly motivated by biomedical applications. 
Though, a complete melting of the copper particles was demonstrated, 
they observed segregations of copper resulting in areas with increased 
copper content between 20 wt% and 35 wt%. Because of the β-phase 
stabilizing effect of Cu these areas consisted of β-Ti rather than 
α′-martensite like the areas with lower Cu concentration. Also aiming for 
medical implants some research groups investigated the suitability of 
low-E β-Ti-alloys for L-PBF. Examples are Zhang et al. [35], who suc-
cessfully demonstrated L-PBF of pre-alloyed Ti–24Nb–4Zr–8Sn or 
Hafeez et al. [36], who also worked with pre-alloyed powder and 
investigated the phase transformation behavior of a Ti–35Nb–2Ta–3Zr 
alloy fabricated by L-PBF. 

Despite these first studies a comprehensive understanding regarding 
L-PBF of β-stabilized Ti-alloys is still lacking. In particular in as-built 
condition strong deviations from conventionally processed β-Ti-alloys 
are expected because of the high cooling rates inherent to L-PBF [12] 
and the consequent re-heating during layerwise manufacturing. Current 
research on in-situ alloy formation of Ti-based materials in many cases 
reports unmolten particles or other material inhomogeneities. L-PBF of 
low-E β-Ti-alloys is addressed by some research groups. Especially the 
L-PBF processing behavior of Ti-alloys with intermediate β-phase sta-
bilization in the Moeq-range between 5 and 20 is barely investigated. 
Consequently, further research is necessary. 

In this context, the aim of the present work is to gain a compre-
hensive understanding of L-PBF of β-stabilized Ti-alloys containing Al, 
Fe and V as main alloying elements. For this purpose, seven alloy 
compositions with a nominal Moeq (as an indicator for β-phase stability) 
ranging from � 3.3 to 25 were prepared by L-PBF and in-situ alloy for-
mation. The samples were extensively characterized by compression 
tests, light microscopy, EDS (energy dispersive X-ray spectroscopy), 
XRD (x-ray diffraction) and EBSD (electron backscatter diffraction). In 
this context, the following research questions were investigated:  

• Effect of in-situ alloying on the homogeneity of the element 
distribution  

• Effect of the increasing addition of β-phase stabilizing elements on 
the processability of Ti-alloys 

• Interdependencies between the alloy composition, the unique con-
ditions during the L-PBF process and the resulting microstructural 
and mechanical properties  

• Effect of a heat-treatment featuring significantly lower cooling rates 
than the material faces during L-PBF on the microstructure and the 
mechanical properties  

• Value of the Moeq for predicting the phase composition and the 
resulting material properties in as-built condition as well as in heat- 
treated condition  

• Conclusions for the further development of (metastable) β-Ti alloys 
for L-PBF 

2. Methods 

To avoid an elaborate atomization of pre-alloyed powder, seven 
different alloy compositions were prepared by in-situ alloying from 
mixtures of easily available standard-powders. The variation of the Moeq 
was realized by addition of the β-phase stabilizers Fe and V. The general 
feasibility of this approach and particularly the homogeneity of the 
resulting distribution of the alloying elements is confirmed by previous 
investigations [30]. Both elements were chosen since they have melting 
points in a similar range Ti (Iron: 1538 ◦C [38]; Vanadium: 1910 ◦C 
[38], Titanium: 1668 ◦C, [38]), thus lowering the risk of unmolten 
particles and extensive evaporation. Fe has a very strong effect on 
β-phase stability, however, bears the risk of embrittlement due to for-
mation of intermetallic phases at higher concentrations [20]. Hence, V 
was added as second β-stabilizer to keep the Fe concentration needed to 
achieve the highest Moeq of 25 below 5 wt%. Starting from the com-
mercial alloy Ti–6Al–4V with a Moeq of � 3.3 the Moeq was increased to 
10 by adding Fe and V. The powder mixtures with Moeq values between 
15 and 20 were prepared with commercially pure Ti-powder (grade 2) 
since Al acts as α-stabilizer and reduces the Moeq. As discussed in the 
introduction section the formula for the Moeq reported by Bania [27] is 

Fig. 2. Influence of selected alloying elements on the phase stability of titanium alloys according to [9].  

Table 1 
Investigated powder mixtures and calculated element concentration in wt.% 
(deviations from 1 due to mathematical rounding).  

Notation Ti wt.% Al wt.% V wt.% Fe wt.% Moeq 

Ti Moeq-3.3 90.00 6.00 4.00 0 � 3.32 
Ti Moeq5 83.83 5.59 9.08 1.51 4.86 
Ti Moeq7 82.51 5.50 9.96 2.04 7.08 
Ti Moeq10 80.09 5.34 12.06 2.52 10.03 
Ti Moeq15 88.16 – 8.85 2.99 14.60 
Ti Moeq20 83.86 – 11.98 4.16 20.09 
Ti Moeq25 79.88 – 15.12 5.01 24.65  
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used in the present work, since it is the most prominent one in literature. 
The exact compositions of the seven powder systems are listed in 
Table 1. 

The plasma atomized Ti–6Al–4V and Ti grade 2 powders were ob-
tained from AP&C Advanced Powders and Coatings Inc. (Boisbriand, 
QC, Canada). The water atomized Fe and milled V powders that were 
used for in-situ alloying were provided by PMCtec GmbH (Leun, Ger-
many) and NMD GmbH (Heemsen, Germany), respectively. The particle 
size distribution was determined by laser diffraction with a Mastersizer 
3000 from Malvern Panalytical GmbH (Kassel, Germany) (see Table 2). 

The particle shape was verified by SEM images (Zeiss Merlin, Carl 
Zeiss Microscopy GmbH, Germany), which are shown in Fig. 3. 

The chemical composition of the four powders was checked by EDS 
(Zeiss Merlin with AzTec advanced EDS system) for the metallic ele-
ments and inert gas fusion (ONH analyzer, Eltra GmbH, Germany) for 
oxygen. All values are within the specification (see Table 3). 

For preparing the powder mixtures, the powders were vacuum dried 
in a lab furnace at 120 ◦C for 8 h to remove any moisture. This step was 
followed by sieving for breaking up possible agglomerates (mesh size 75 
μm). The mixing itself was performed with a Turbula-mixer from Willy 
A. Bachofen AG (Muttenz, Switzerland) for a duration of 2 h. This pro-
cedure was experimentally developed and already successfully applied 
e.g. in Ref. [16]. The recoatability of the powder mixtures was tested 
visually by a camera system and small angle illumination (defects in the 
power layer visible because of shading). In addition the homogeneity of 
the resulting element distribution in the in-situ alloyed L-PBF samples 
has to be investigated to rule out possible segregation effects. Following 
a build job, the powder mixtures were recycled by sieving with a lab 
sieving machine from Haver & Boecker (Oelde, Germany) with a mesh 
opening of 90 μm and mixing for 1 h in the Turbula-mixer. Both steps 
were performed in argon atmosphere. 

To investigate processing behavior, resulting microstructure and 
mechanical properties in dependence of the alloy composition nine cy-
lindrical samples with the dimensions Ø 7.5 mm × 19 mm were pro-
duced for each powder mixture resulting in 63 samples in total. The 
samples were manufactured using an Aconity mini L-PBF machine from 
Aconity GmbH (Herzogenrath, Germany), which is equipped with a 
redPower QUBE single mode fiber laser from SPI Lasers Ltd. (South-
ampton, United Kingdom) with a maximum beam power of 1 kW and a 
wavelength of 1080 nm and an AxialSCAN-30 scanner optics from 
Raylase GmbH (Wessling, Germany). The minimum beam diameter on 
the build platform is 70 μm. Since titanium has a strong oxygen-affinity 
and interstitial oxygen acts as α-stabilizer in titanium, the oxygen con-
tent in the processing gas (Argon) was kept below 100 ppm for the whole 
duration of the build job. The L-PBF parameter set, which was experi-
mentally developed and used for all alloy compositions, is listed in 
Table 4. 

Eight of the nine samples made from each powder composition were 
designated for compression tests and the remaining sample was inves-
tigated by metallographic methods. Four of the compression-test sam-
ples along with a half-section of the metallography sample were heat- 
treated, while the remaining four samples and the other half-section of 
the metallography sample were investigated in as-built condition. This 
experimental approach is illustrated in Fig. 4. 

The heat-treatment, which is partially derived from Ref. [5], 
comprised an annealing at 850 ◦C for 2 h followed by furnace cooling. To 
protect the samples from oxygen the furnace was constantly flushed with 

argon. The intention of this heat-treatment was to remove residual stress 
induced during L-PBF [40] and to reach a more equilibrium material 
condition compared to as-built samples, that faced very high cooling 
rates in the range of 106 K/s [12] during L-PBF. 

Compression tests were chosen to measure the mechanical properties 
resulting from L-PBF. In general tensile tests would be preferable for 
material characterization of Ti-alloys. However, with respect to the 
present study, compression tests require smaller sample sizes and hence 
allow the production of more samples. Aim of this work is not to 
investigate/optimize one specific alloy, but rather explore the L-PBF 
process behavior of β-stabilized Ti-alloys in a wide range to lay the 
foundation for further investigations. Consequently, compression tests 
better match the requirements of such screening investigations, while 
still providing reasonable information on the mechanical properties. 
Tensile tests are planned for future work, based on the results of the 
present investigations. The samples for compression tests were turned to 
a cylindrical shape of Ø 6 mm × 9 mm. The end surfaces were grinded. 
For the compression tests the setup consisting of tungsten carbide tools 
was mounted in a universal testing machine from Walter + Bai AG 
(Löhningen, Switzerland) with a maximum possible force of 300 kN. To 
keep friction between tool and specimen low, a Teflon® foil was used. 
The compressive load was induced by a linear movement of the upper 
tool, which is moved with a constant velocity of 5 mm/min. Force and 
displacement of the tool were recorded for evaluation of stress strain 
curves. The tests stopped when the specimen breaks or is compressed to 
50% of the initial height. Consequently, higher degrees of sample 
deformation cannot be measured, which is relevant for highly ductile 
β-Ti alloys. The tests were performed in accordance with DIN 50106 
[41]. Hardness measurements (HV1) were carried out on polished 
microsections with five measurement points per sample. 

The relative density, microstructure and resulting alloy composition 
was analyzed by metallographic microsections, energy dispersive x-ray 
spectroscopy (EDS), electron backscatter diffraction (EBSD) and x-ray 
diffraction (XRD) respectively. For this purpose, the samples were 
embedded in epoxy resin, sectioned by disc-cutting, grinded with SiC 
grinding paper, polished with 3 μm diamond suspensions and finished 
with active oxide polishing suspension (OPS) and hydrogen peroxide. To 
investigate the microstructure by optical microscopy, the samples were 
etched with Kroll’s reagent (H2O, HNO3, HF). The x-ray diffraction 
measurements were performed using a Panalytical Empyrean x-ray 
diffractometer equipped with a cobalt-anode (λ = 1.7902 Å). The 
diffraction patterns were analyzed with data sets from the databases 
ICSD FIZ 2016–1, COD 2019 HS-4.5 and PDF-2 2004. A Zeiss Merlin 
SEM (Carl Zeiss Microscopy GmbH, Germany) equipped with a Wave 
700 EBSD system and an AzTec Advanced EDS system with XMax50 
detector (Oxford Instruments, UK) were used for SEM/EDS/EBSD- 
analysis. Quantitative EDS-measurements are either line scans (5 mm 
length/100 layers, n = 1000) or area scans (5 measurement areas, 400 
× 400 μm2). 

3. Results and discussion 

3.1. Homogeneity of the element distribution 

Despite the non-spherical particle shape of the Fe and V powder, the 
recoatability of all powder mixtures is not impaired, which was verified 
visually by an illumination setup and a camera system (small angle 
illumination and shading). A demixing of the powder components dur-
ing handling which might occur under unfavorable conditions [39] was 
not observed. Nevertheless, before the microstructure and the me-
chanical properties are discussed, it is necessary to verify that a homo-
geneous element distribution with the desired concentrations 
throughout the samples was achieved, since fluctuations in the element 
concentration might affect the results. This is particularly relevant when 
preparing samples by in-situ alloying. As pointed out in the state of the 
art section, unmolten particles as reported by Polozov et al. [31], 

Table 2 
Particle size distribution determined by laser diffraction.  

Material D10 D50 D90 Particle shape 

Ti grade 2 21 μm 35 μm 48 μm spherical 
Ti–6Al–4V 25 μm 43 μm 61 μm spherical 
Fe 28 μm 47 μm 68 μm spattered 
V 8 μm 24 μm 53 μm angular  
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Yadroitsev et al. [33] or Sing et al. [32] are a major source of such in-
homogeneities. Also possible segregation effects during melting/solidi-
fying as described in Refs. [33,34] for the addition of Cu to Ti6Al4V need 

to be excluded. According to Yadroitsev et al. [33] these segregations are 
predominantly found at fusion boundaries and form because of different 
melt viscosities and/or densities. A further effect, that could also lead to 
an inhomogeneous element distribution is the segregation of the 
different powders during handling or recoating [39] which also needs to 
be ruled out for all powder mixtures. For this purpose, the element 
composition is measured in dependence on the build height and the 
build platform position and is compared to the target concentration. 
Fig. 5 shows the concentration of the relevant elements Ti, Fe, Al and V 
in relation to the build height (5 mm, 100 layers) for an in-situ alloyed Ti 
Moeq25 sample and for a sample made from pre-alloyed Ti–6Al–4V 
powder as reference. The measurements show, that the in-situ alloyed 
sample has a comparable homogeneity of the element distribution as the 
sample made from pre-alloyed powder. The standard deviation of the 
element Ti is 0.93% (n = 1000) for the pre-alloyed powder and 0.98% (n 
= 1000) for the in-situ alloyed powder and thus in a similar range. No 
strong peaks for the alloying elements Fe and V are visible for sample Ti 
Moeq25 thus proving the complete melting of the powder and a suc-
cessful mixing in the molten pool. Also, the etched microsections in 
Fig. 11 do not show any sign of unmolten particles or segregation effects 

Fig. 3. SEM images of the four powders used for preparing the powder mixtures.  

Table 3 
Chemical composition of the powders, determined by EDS and inert gas fusion 
respectively.   

Ti Al V Fe Si O* 

Ti grade 2 99.8 – – 0.1 – 0.12 
Ti–6Al–4V (wt.%) 89.4 6.4 4.1 0.1 – 0.11 
Fe (wt.%) – – – 99.8 0.1 0.09 
V (wt.%) – – 99.9 – – n.a. 

Standard deviation < 0.1 wt%, * determined by inert gas fusion. 

Table 4 
L-PBF parameter set for manufacturing the samples.  

Laser power Scan speed Spot diameter Hatch distance Layer thickness 

400 W 1200 mm/s 100 μm 120 μm 50 μm  

Fig. 4. Experimental approach.  

Fig. 5. EDS line scan to determine the element concentration over 5 mm build height (100 layers) of a Ti–6Al–4V sample (pre-alloyed) and an in-situ alloyed Ti 
Moeq25 sample, both in as-built state. 
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during melting and solidifying. Compared to the aforementioned studies 
which discuss alloying with high melting elements like Niobium [31], 
Molybdenum [33] or Tantalum [32] we investigated alloying with the 
elements Vanadium and Iron, which have melting points close to Tita-
nium [38]. This eases in-situ alloying and supports a homogeneous 
distribution of elements throughout the L-PBF part. Also, no inclination 
of the element concentrations over build height was observed. This in-
dicates that no demixing of the powder occurred and in-situ alloying has 
no negative effect on the element homogeneity, at least in this case and 
at least in build direction. Similar measurements for the other alloy 
compositions investigated in this study confirm this conclusion. 

To further substantiate the hypothesis of a fairly homogeneous 
element distribution resulting from in-situ alloying a qualitative EDS 
area scan of a Ti Moeq7 sample and a cross-section of a single weld track 
obtained from the parameter set listed in Table 4 is shown in Fig. 6. The 
sample section in Fig. 6 a) covers multiple layers (layer-thickness: 50 
μm). Hence, element segregation at fusion boundaries would be clearly 
visible, if present. Based on simple assumptions one could argument, 
that the meltpool size needs to be big enough to contain at least one 
powder particle of the added alloying elements. Considering the average 
particle size provided in Table 2 and the meltpool dimensions shown in 
Fig. 6 b), this is verified for the present work. The base material used for 
the single weld track was Ti grade 1. Nevertheless, it is safe to assume 
that the actual meltpool dimensions during L-PBF of the investigated 
alloys are in a similar range or with respect to the material properties 
and the boundary conditions of the process even slightly bigger. The 
meltpool length cannot be obtained from the cross section. However, 
under usual process conditions the meltpool length is significantly 
bigger than the meltpool width [42], thus resulting in a meltpool that is 
big enough to contain at least one particle of the added elements for all 
investigated conditions. Besides particle incorporation in the meltpool 
the weld track size clearly shows, that the material is remelted multiple 
times during L-PBF (layerthickness: 50 μm, hatch distance: 120 μm), 
thus further homogenizing the in-situ alloyed material. 

Since at this point an inhomogeneous element distribution is only 
ruled out for a single sample, there is still the need to verify that no 
segregation of the powder systems in the build plane occurred, thus 
causing concentration variations between multiple samples on build 
platform. Possible reasons for this could be influences during processing, 
like recoating or powder transportation by the gas stream. To investigate 
this matter, six cubical samples (dimension: 6 mm × 6 mm x 6 mm) were 
built randomly distributed across the build platform (see Fig. 7) with the 
Ti Moeq7 powder system. EDS-measurements (area scan, 3 mm × 3 mm) 
on cross-sections of this cubes presented in Table 5 are very close to each 
other and no deviations from the target concentration can be observed. 
Hence, influences of the recoating process or the gas stream are either 
very small or not present at all. The same measurements were also done 
for the Ti Moeq25 powder system, which led to similar results. Based on 

this data it is concluded, that in-situ alloying had no negative impact on 
the homogeneity of the element distribution neither in build direction 
nor in the build plane. 

The results of the EDS line scans on samples made from each of the 
investigated alloy compositions are summarized in Table 6. The ach-
ieved compositions are close to the target compositions. However, a 
small amount of V and especially of Fe was lost during processing. 
Possible reasons for this are selective element evaporation during L-PBF 
as previously measured for Ti–6Al–4V e.g. in Ref. [43] or a selective loss 
of certain powder fractions during handling, sieving and processing. The 
alloying element with the lowest boiling point present in the samples is 

Fig. 6. a): Qualitative EDS area scan of an in-situ alloyed Ti Moeq7 sample; b) Meltpool dimensions of a single weld track obtained from the parameter set shown in 
Table 4 in Ti grade 1 sheet metal (thickness: 2 mm). 

Fig. 7. Distribution of the samples from Table 5 across the build platform.  

Table 5 
Element composition in dependence of the position on the build plate measured 
by EDS area scans of polished cross sections (average of five measurement areas 
of 400 × 400 μm2 with standard deviation); in brackets: target values.  

Number Ti wt.% Al wt.% V wt.% Fe wt.% 

1 82.7 ± 0.1 
(82.5) 

5.2 ± 0.2 
(5.5) 

10.0 ± 0.2 
(10.0) 

2.1 ± 0.1 
(2.0) 

2 82.6 ± 0.2 
(82.5) 

5.5 ± 0.1 
(5.5) 

9.9 ± 0.1 (10.0) 1.9 ± 0.1 
(2.0) 

3 82.8 ± 0.1 
(82.5) 

5.3 ± 0.2 
(5.5) 

10.1 ± 0.1 
(10.0) 

1.9 ± 0.0 
(2.0) 

4 82.7 ± 0.2 
(82.5) 

5.4 ± 0.1 
(5.5) 

9.8 ± 0.1 (10.0) 2.0 ± 0.1 
(2.0) 

5 82.6 ± 0.3 
(82.5) 

5.3 ± 0.1 
(5.5) 

10.2 ± 0.2 
(10.0) 

2.1 ± 0.1 
(2.0) 

6 82.7 ± 0.2 
(82.5) 

5.2 ± 0.2 
(5.5) 

10.2 ± 0.2 
(10.0) 

1.8 ± 0.1 
(2.0)  
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raises the assumption that no major change in the microstructure 
occurred during the heat-treatment of these alloys. 

The fracture strain/maximum strain of the investigated alloys in as- 
built and in heat-treated condition indicating the point when the ma-
terial breaks or the preset limit of 50% strain is reached is plotted in 
Fig. 9. 

With a fracture strain of 0.18 ± 0.01 in as-built condition the refer-
ence alloy Ti Moeq-3.3 is again in good accordance with values reported 
in literature [45]. The addition of the β-phase stabilizing elements V and 
Fe resulted in a significant drop in fracture strain for the alloys Ti Moeq5 
and Ti Moeq7. Ti Moeq10 showed again a very ductile material behavior 
with a fracture strain of 0.30 ± 0.03 and surpassed the reference alloy Ti 
Moeq-3.3. The fracture strain of the alloys Ti Moeq15 and Ti Moeq20 
scatters in a wide range thus substantiating the assumption, that severe 
material defects are present in the samples. Alloy Ti Moeq25 exhibited a 
very ductile material behavior with a fracture strain of at least 0.50. 
However, for Ti Moeq25 the specimens do not break but the maximum 
upset of the test is reached, which is set to 0.5 (pre-defined end of test). 
Tensile tests, which are planned for selected alloys in future work, are 
required to determine the actual fracture strain. The heat-treatment in 
general increased the fracture strain, which is well in accordance with 
the reduced yield strength. The most significant increase in fracture 
strain was observed for the samples Ti Moeq5 and Ti Moeq7. This raises 
the assumption, that the low fracture strain in as-built condition is 
related to the thermal conditions during L-PBF. Very high fracture strain 
values were also measured for the alloys Ti Moeq10 and Ti Moeq25 in 
heat-treated condition. Since the measurements stopped at a maximum 
strain of 0.50 it cannot be determined whether the heat-treatment leads 
to an increase in fracture strain of alloy Ti Moeq25. Additional infor-
mation on the mechanical properties of the material is provided in form 
of hardness measurements (HV1) in appendix section A2. The results are 
in good agreement with the compression tests and facilitate at least some 
degree of comparability for the crack affected samples Ti Moeq15 and Ti 
Moeq20. To gain an understanding of the effects observed in the 
compression test data further results are presented in the following. 

3.3. Microstructure 

The L-PBF processed material were analyzed extensively by metal-
lographic methods, EBSD and x-ray diffraction, to get information on the 
microstructure and the element composition and distribution. The 
resulting findings are discussed in the following. First of all, light mi-
croscopy images (shown in Fig. 10) are investigated. All samples show a 
high relative density above 99.8% and are free of typical defects related 
to L-PBF [42] like lack of fusion, defects caused by spatters and deep 
penetration welding defects. In contrast to cracking, which is in general 
related to metallurgical effects, these kinds of defects are governed to a 
great extent by thermo-physical material properties and the laser pa-
rameters (e.g. power, scan speed, spot size). 

An interesting finding of the present study is, that obviously all alloy 
compositions could be processed with high relative density using the 
same parameter set (see Table 4). In Ref. [46] Ye et al. discuss the 
laser-beam/matter interaction and the scaling behavior associated with 
L-PBF. One major finding of this study is that the process behavior and 
especially the meltpool depth normalized by the beam diameter d* 
occurring during L-PBF are highly related to the melting enthalpy Hm 
and absorptivity A of the material and the so called thermal diffusion 
length Lth which is a function of the thermal diffusivity Dth, the scan 
speed v and the beam diameter r [46]: 

d* = KβLth (1)  

With K being a constant prefactor compensating the differences between 
the actual meltpool and the simplified model [46] and the normalized 
enthalpy β being a function of A, Hm, r, v, Dth and the laser power PL [46]: 

β =
APL

πHm
�������������
Dthvr3

√ (2) 

Ye et al. evaluated the theoretical findings with experimental results 
for the alloys Ti6Al4V, In625 and 316 L [46]. Their data shows a good fit 
between theory and experiment for process parameters relevant for 
L-PBF (R2 = 0.98). Comparing the results of the present study and the 
findings of Ye at al. it can be concluded that alloys with a similar thermal 
diffusion length Lth, absorptivity A and specific melting enthalpy Hm are 

Fig. 9. Fracture strain/Maximum strain obtained by compression tests in dependence of the alloy composition (see Table 6) and the heat-treatment; cracking of Ti 
Moeq 15 and Ti Moeq 20 during L-PBF (see Fig. 10). 
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processable by L-PBF using similar parameter sets. In return, alloys with 
different material-specific thermo-physical parameters would show a 
different process behavior and require different process parameters. 

The thermal diffusivity Dth and the specific melting enthalpy Hm for 
the alloys Ti Moeq-3.3 and Ti Moeq25 that feature the greatest differences 
regarding the alloy composition in our study are compared with stain-
less steel 316 L. 316 L is a common L-PBF alloy, but shows a different 
process behavior than Ti6Al4V and requires significantly different pro-
cess parameters for producing sound parts [47]. The values for all three 
alloys are listed in Table 7. The thermal diffusivity and the specific 
melting enthalpy are calculated using the software JMatPro Version 
11.2 (Sente Software Ltd., United Kingdom) [48]. The effective ab-
sorptivity, that was determined for L-PBF conditions, was taken from 
Ref. [46] for Ti Moeq-3.3 (Ti6Al4V) and 316 L and estimated for Ti 
Moeq25. Despite the considerable differences in the alloy composition 

between Ti Moeq-3.3 and Ti Moeq25 the calculated thermal diffusivity 
and specific melting enthalpy differ only about 13% and 9% respec-
tively. Compared with the stainless steel 316 L, these differences are 
small. This explains the overlapping process window for all investigated 
alloys. A more general conclusion resulting from this considerations is 
that at least when alloying with Fe, Al and V the alloy composition and 
hence the material properties (see Figs. 8 and 9) of the resulting material 
can be varied in a wide range, while maintaining comparable 
thermo-physical properties and consequently a comparable process 
behavior. Hence, for future applications of derivatives of the investi-
gated alloys, no extensive process development but rather a slight 
adaption of existing process parameter sets for Ti6Al4V is expected. 

However, despite the absence of fusion defects, a few large cracks, 
perpendicular to the build direction, starting from the contour of the 
samples are observed for the alloy compositions Ti Moeq15 and Ti 
Moeq20 (see Fig. 10). This is in good accordance with the compression 
test data plotted in Figs. 8 and 9 that shows a strong spread of the results, 
hence indicating material defects. 

Solidification cracking, as described e.g. in Ref. [49], is excluded as 
cause of the cracking due to the size, number and direction of the cracks. 
Instead cold cracking as a result of a brittle material behavior and the 
internal stress induced by the L-PBF process [50] is assumed to be the 
reason for cracking of the alloys Ti Moeq15 and Ti Moeq20. The reasons 
for this brittle material behavior are discussed in the following sections. 

Fig. 11 shows the microstructure of all seven alloys in as-built con-
dition, while the heat-treated condition is depicted in Fig. 12. The 

Fig. 10. Microsections of L-PBF samples with varying alloy composition (see also Table 6).  

Fig. 11. Microstructure in as-built condition in dependence of the alloy composition (see also Table 6).  

Table 7 
Thermal diffusivity and specific melting enthalpy of the alloys Ti Moeq-3.3, Ti 
Moeq25 and for comparison 316 L calculated with JMatPro [48], Absorptivity 
from Ref. [46].   

Thermal diffusivity 
(m2/s) 

Specific melting enthalpy 
(J/cm3) 

Absorptivity 

Ti Moeq- 
3.3 

10.6 × 10� 6 6433 0.26 

Ti Moeq25 9.37 × 10� 6 5899 ~0.26 
316 L 5.38 × 10� 6 8058 0.28  
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reference alloy Ti Moeq-3.3 forms a typical α′-martensitic structure with 
a super-structure of columnar prior β-grains still visible. An obvious 
effect of the addition of β-phase stabilizing elements is the suppression of 
α′-martensite formation during L-PBF. Even the lowest alloyed sample Ti 
Moeq5 does not show any sign of the typical needlelike martensitic 
structure. Compared to the heat-treated samples, the further interpre-
tation of the as-built microstructures shown in Fig. 11 is challenging. 
The etching only reveals dark grain boundaries and at least for the alloys 
Ti Moeq5 and Ti Moeq15 weak shadows of the meltpools formed by the 
laser during L-PBF. An explanation for the brittle material behavior of 
the samples Ti Moeqeq15 and Ti Moeq20 as well as for the low fracture 
strain of the samples Ti Moeq5 and Ti Moeq7 in as-built condition (see 
Fig. 9) cannot be identified in the microsections. To shed light on these 
effects, further investigations by EDX, EBSD and XRD are presented in 
the following. 

After a heat-treatment at 850 ◦C and furnace cooling the 
α′-martensite of alloy Ti Moeq-3.3 decomposes into fine acicular α-Ti and 
a small amount of β-phase. The columnar structure of the prior β-grains 
is still visible after the heat-treatment thus indicating that no recrys-
tallization and no phase change took place and the β-transus tempera-
ture of Ti6Al4V was not exceeded. The decomposition of α′-martensite 
leads to a slight reduction in yield strength and to an increase in 
ductility, as shown in Figs. 7 and 8. This is well in accordance with the 
literature [5]. The addition of β-phase stabilizing elements causes in all 
cases a decrease of the β-transus temperature below the heat-treatment 
temperature at 850 ◦C. This is indicated by the microstructural changes 
during the heat-treatment that are related to recrystallization and for-
mation of new grains. As a result of the heat-treatment at 850 ◦C and the, 
compared to the L-PBF process, very slow cooling rates in the furnace, 
the material is transformed into a more thermodynamically stable con-
dition. The alloys Ti Moeq5 to Ti Moeq15 show accumulations of α-phase 
at β-grain boundaries as well as segregation of α-phase inside the 
β-grains (see Fig. 13, Ti Moeq10 HT). It is estimated, that the thickness of 

the α-regions decreases with increasing Moeq. This assumption is also 
supported by the EBSD-measurements. As suggested by the initial 
working hypothesis, the amount of α-phase appears to decrease with 
increasing Moeq. The Ti Moeq20 and Ti Moeq25 samples consist almost 
completely of β-phase (see also Fig. 15). These microstructural proper-
ties are mirrored by the compression yield strength and the fracture 
strain, showing the highest ductility for the highest β-stabilized alloy Ti 
Moeq25 with a fracture strain of more than 0.50 (no fracture, pre-defined 
end of test). Since the cracks cannot be healed during the 
heat-treatment, the ductility of the defective samples Ti Moeq15 and Ti 
Moeq20 is reduced, despite the high amount of β-phase. 

Fig. 13 shows EBSD phase maps of selected samples, while the phase 
fractions determined by EBSD for all alloys in as build condition as well 
as in heat-treated condition are summarized in Fig. 14 and Fig. 15 
respectively. 

In some samples (e.g. Ti Moeq7 as-built) parts of the scan area could 
not be resolved by EBSD. The reasons for this are presumably very fine 
microstructural features and/or strong lattice distortions due to rapid 
solidification or residual stress induced by the L-PBF process. Since in as- 
built condition the etched microsections and EBSD images are hard to 
interpret, XRD-measurements are performed on these samples to gain 
additional information. Looking at the XRD diffraction patterns plotted 
in Fig. 16 the unresolved areas are to a vast majority α or α-‘ martensite 
for the reference alloy Ti Moeq-3.3 and probably a more or less equal 
amount of α- and β-phase in the samples Ti Moeq5 and Ti Moeq7. The 
relative intensity of the α-phase peaks of the alloys Ti Moeq5 and Ti 
Moeq7 indicate in any case a higher α-phase fraction in Ti Moeq5 
compared to Ti Moeq7. 

The EBSD measurements as well as the XRD measurements do not 
distinguish between α-Ti and α’-martensite, since α′-martensite has a 
very similar lattice structure as α-Ti that is only distorted by alloying 
elements replacing Ti on lattice positions [51]. However, the etched 
microsections depicted in Fig. 11 show no indication of α′-martensite in 

Fig. 12. Microstructure after heat-treating at 850 ◦C in dependence of the alloy composition (see also Table 6).  

Fig. 13. EBSD phase maps of the samples Ti Moeq7, Ti Moeq15 and Ti Moeq25 in as-built condition and the Ti Moeq10 sample in heat-treated condition.  
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any sample other than Ti Moeq-3.3. The XRD-measurements together 
with the EBSD measurements confirm the original hypothesis that an 
increasing Moeq leads to an increase of β-phase. This is true for the 
heat-treated samples as well as for the as-built samples. The β-phase 
fraction of the heat-treated samples is in general lower than in the 
as-built samples. To achieve a β-phase fraction of more than 90% in 
as-built condition a Moeq of 10 is sufficient, while at least a Moeq of 20 is 
necessary to reach the same amount of β-phase in heat-treated condi-
tion. This is probably due to the very high cooling rates in the range of 
106 K/s featured by L-PBF [12] that limit diffusion processes and in-
crease the amount of β-phase retained after cooling. The repeated 
heating and cooling related to neighboring and overlying scan vectors 
during L-PBF represents some sort of in process heat-treatment, but the 
dwell time of each pass of the laser beam appears to be too short to cause 
extensive phase transformations neither of α′-martensite in Ti Moeq-3.3 
nor of β-phase in the other alloys. The high strength and low ductility of 
the samples Ti Moeq5 and Ti Moeq7 observed in the compression test 
data (see Figs. 8 and 9) in as-built condition is presumably a result of 
residual stress, a high amount of lattice distortion of the β-phase due to 
rapid solidification and probably most important beginning α-phase 

formation in the β-phase matrix. This highly disordered material state is 
visible in the EBSD-image of Ti Moeq7 in Fig. 13. Despite the high 
amount of unresolved areas, the images show, that regions of remaining 
β-phase and regions that are at least partially transformed to α-phase are 
intertwined into each other. This microstructure is probably a result of 
rapid solidification and consequent reheating during L-PBF. This 
extremely unordered and only partially transformed material condition 
is presumably the reason for the low ductility and high strength 
observed during the compression tests. The β-phase stability of the alloy 
Ti Moeq10 is high enough to avoid α-phase formation during L-PBF 
almost completely, as shown in Fig. 14. 

This is in good agreement with the threshold for almost complete 
β-phase stabilization in quenched Ti-alloys reported by Bania et al. [27], 
thus proving the applicability of the Moeq for estimating the phase 
composition of Ti-alloys processed by L-PBF. Because of the high ratio of 
β-phase the fracture strain of alloy Ti Moeq10 is with a value of 0.30 ±
0.03 by far higher than the fracture strain of the alloy Ti Moeq7 and also, 
due to the increased ductility of the β-phase compared to the α-phase 
higher than for the reference alloy Ti Moeq-3.3. Furnace cooling, 
featuring significantly lower cooling rates than L-PBF however leads to 

Fig. 14. Phase fractions determined by EBSD in dependence of the alloy composition in as-built condition.  

Fig. 15. Phase fractions determined by EBSD in dependence of the alloy composition in heat-treated condition.  
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about 40% α-phase (see Figs. 15 and 12) for the alloy Ti Moeq10. 
This metastable material condition of the alloy Ti Moeq10 after L-PBF 

offers the promising option of combining the mandatory stress relief 
heat-treatment after L-PBF with a precipitation hardening to tune the 
material properties as desired, e.g. by further increasing the mechanical 
strength. Considering the heat-treating recommendations for related 
commercial alloys (e.g. TIMETAL® 10-2-3) [52] it is assumed that an 
aging heat-treatment in the temperature range between 500 ◦C and 
600 ◦C and hence below the β-transus temperature of the alloy would 
foster α-phase precipitations inside the β-phase matrix, that have a 
strengthening effect. By varying the heat-treating time, the number and 

size of the α-phase precipitations and hence the mechanical strength can 
be controlled. At the same time, the temperature should be high enough 
to reduce the internal stress induced by L-PBF. A costly and elaborate 
solution annealing at high temperatures and a subsequent quenching 
which is the standard heat-treatment strategy for metastable β-Ti alloys 
[9] would not be necessary to achieve desirable mechanical properties. 

Compared to Ti Moeq10 the alloys Ti Moeq15 and Ti Moeq20 show, 
despite the higher amount of β-phase stabilization, again a very brittle 
material behavior. This contradicts the simple assumption that a high 
amount of β-phase results in increased ductility. The reason for this, lies 
in the formation of ω-Ti during L-PBF in the Moeq range between 15 und 

Fig. 16. X-ray diffraction patterns of the samples Ti Moeq-3.3, Ti Moeq5, Ti Moeq7, Ti Moeq15, Ti Moeq20 and Ti Moeq25, all in as-built condition.  
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20. The hexagonal ω-phase can form under certain conditions in Ti- or 
Zr- alloys [53] and is clearly identified by the characteristic peaks in the 
XRD patterns of the alloys Ti Moeq15 and Ti Moeq20 in as-built condition 
(see Fig. 16). In contrast to α-phase precipitates in a β-phase matrix, 
which are in some cases even desired, the ω-phase has a deteriorating 
effect on the material properties. The coherent or semicoherent ω-phase 
inside the β-phase matrix induces a planar dislocation distribution thus 
effectively supporting early crack formation and material embrittlement 
[54]. According to Refs. [51,55] ω-phase forms by transformation of 
β-phase. Both, an athermal and an isothermal mechanism are possible. 
The athermal transformation is either induced by rapid cooling from the 
β-phase field [56] or by deformation/stress [57]. Isothermal formation 
of ω-phase can occur in the temperature range between 350 ◦C and 
550 ◦C [54]. Especially Ti-alloys with intermediate β-phase stabilization 
(as it is the case for Ti Moeq15 and Ti Moeq20) tend to form ω-phase. With 
respect to the present work, it is hard to determine the underlying 
ω-phase formation mechanism. Considering the complex thermal con-
ditions during L-PBF and the internal stress induced by the laser process, 
all three mechanisms are plausible. Owing to the small meltpool di-
mensions in the range of a few 100 μm, high cooling rates of 106 K/s are 
common during L-PBF [12]. This supports the hypothesis of an athermal 
ω-phase formation. However, also an isothermal formation seems 
possible, since it can be assumed, that temperatures between 350 ◦C and 
550 ◦C are reached multiple times during the melting of neighboring and 
overlying scan vectors, thus the dwell time is estimated to be only in the 
ms-range. Since at this point no mechanism can be excluded, further 
investigations are necessary, to determine the actual process that leads 
to ω-phase formation. 

For Ti-alloys with an intermediate degree of β-phase stabilization the 
formation of orthorhombic α’‘-martensite instead of hexagonal 
α′-martensite is reported in literature [58], which might affect the ma-
terial properties [59]. Kazantseva et al. [60] showed by 
TEM-measurements that along with α′-martensite also a small amount of 
a’‘-martensite is formed during L-PBF of Ti6Al4V ELI. With respect to the 
present study, no orthorhombic phase could be detected by XRD. Hence, 
it is assumed that the amount of α’‘- martensite in as-built samples is at 
least small. However, further investigations e.g. by TEM-measurements 
are necessary to investigate the presence of α’‘-martensite in L-PBF 
samples with greater precision. Besides the formation during L-PBF, the 
β → α’‘-martensite phase transformation might still occur during 
compression testing and could consequently affect the test results. This 
stress induced phase transformation finds e.g. application in the devel-
opment of Titanium alloys with superelastic material properties [61]. 
This material behavior is characterized by double yielding [62]. With 
respect to the compression test performed in the present work, no clear 
sign of double yielding was observed. However, in case of Ti Moeq15 and 
Ti Moeq20 scattering of the results is high due to crack formation during 
L-PBF. In addition the increasing cross section during compression 
testing complicates analysis. Consequently, the presence of high 
amounts of α’‘-martensite in as built condition can be ruled out, but 
further investigations specifically addressing the topic of stress induced 
α’‘-martensite formation in L-PBF samples are required. 

The alloy Ti Moeq25 is again free of ω-phase due to the high degree of 
β-phase stabilization. Also only a negligible amount α-phase is present in 
the sample Ti Moeq25 indicating an almost fully β-stabilized alloy. 
Consequently, a high maximum strain of at least 0.50 (predefined end of 
test) is observed and no cracking during L-PBF of occurs. When 
designing future metastable β-Ti alloys, an intermediate β-phase stabi-
lization with a Moeq ranging between 15 and 20 should be avoided or 
further measures like the addition of a small amount of α-stabilizers like 
Al [20] should be taken into account, to avoid the detrimental formation 
of ω-Ti during L-PBF. 

4. Summary and conclusion 

Seven Ti-alloys with an increasing amount of the β-phase stabilizers 

Fe and V were prepared by L-PBF and in-situ alloy formation. The Mo-
lybdenum equivalent (Moeq) as an indicator for the β-phase stability of a 
given alloy composition was varied from � 3.3 to 25 and the L-PBF 
manufactured samples were investigated. Based on the results, the 
following conclusions are drawn:  

• The Moeq can be a useful guideline for estimating the amount of 
β-phase in L-PBF processed Ti-alloys. A prediction of the resulting 
material properties only based on the Moeq is, however, difficult 
because more complex metallurgical effects (e.g. ω-phase formation) 
play an important role.  

• Already the lowest addition of Fe and V (Moeq 5) suppressed the 
formation of at least the majority of α′-martensite, which is otherwise 
typical for L-PBF of Ti6Al4V (Moeq � 3.3) and increased the amount 
of retained β-phase. This proves, that already small additions of 
alloying elements can significantly alter the resulting material 
properties of L-PBF processed materials.  

• A Moeq of 10 is sufficient to retain more than 90% β-phase after L- 
PBF, thus increasing the fracture strain to 0.26. This metastable 
material condition offers the promising opportunity of tailoring the 
material properties by precipitation strengthening (formation of 
α-phase) directly after L-PBF without the need of an elaborate solu-
tion annealing and quenching as it is necessary in conventional 
processing routes for metastable β-Ti alloys.  

• Following a heat-treatment at 850 ◦C and furnace cooling, thus 
applying a significantly lower cooling rate than during L-PBF, a Moeq 
of at least 20 is necessary to receive more than 90% β-phase. This 
demonstrates the sensitivity of the investigated alloys to the cooling 
rate.  

• The Moeq region between 15 and 20 results in ω-phase precipitation 
and a detrimental embrittlement of the material resulting in cracking 
during L-PBF despite a high amount of β-phase. Without further 
measures to avoid ω-phase formation the Moeq range between 10 and 
20 should be avoided when designing future alloys for L-PBF appli-
cations. This also demonstrates that the Moeq alone is unsuited for 
predicting material properties.  

• A Moeq of 25 is sufficient to avoid ω-phase formation and to receive a 
very ductile material consisting almost completely of β-phase and 
featuring a very high fracture strain exceeding 0.50.  

• In-situ alloy formation of Ti–Al–V–Fe alloys with a high homogeneity 
of the element distribution is possible. Common defects like incom-
plete mixing in the meltpool or undissolved particles can be avoided. 
In the future, this facilitates an efficient development of L-PBF spe-
cific alloys.  

• When alloying Ti with Fe, Al and V the alloy composition and hence 
the resulting mechanical properties can be varied in a wide range, 
while still maintaining comparable thermo-physical properties and 
hence a similar process behavior and similar process parameters. 
This indicates that future derivatives of the investigated alloys can be 
processed by L-PBF without the necessity of an elaborate process 
development, but rather a slight adaption of existing parameter sets 
for Ti6Al4V. 

The investigations prove that β-stabilized Ti-alloys are a very ver-
satile class of materials with promising properties. The alloys are in 
general suitable for L-PBF. However, they possess a complex metallurgy 
that needs to be considered when selecting alloy compositions for L-PBF 
applications. A prediction of material properties only based on the Moeq 
not possible. However, the Moeq can provide a first lead for estimating 
the β-phase stability even in as built condition of β-stabilized Ti-parts 
manufactured by L-PBF. 
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Appendix 

A1: Compressive stress/strain curves

A1 ��Fig. 1. Compressive stress/strain curves of typical samples; as built condition; sample geometry: Ø 6 mm × 9 mm; F: force; A0: initial cross-section area, L0: 
initial length 

A1 ��Fig. 2. Compressive stress/strain curves of typical samples; heat-treated condition (850 ◦C for 2 h); sample geometry: Ø 6 mm × 9 mm; F: force; A0: initial 
cross-section area, L0: initial length 
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A2: Hardness measurements

A2 ��Fig. 1. Microhardness (HV1) in dependence of the alloy composition; mean value and standard deviation of five measurement points  
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J. Neugebauer, From electronic structure to phase diagrams: a bottom-up approach 
to understand the stability of titanium–transition metal alloys, Acta Mater. 113 
(2016) 311–319, https://doi.org/10.1016/j.actamat.2016.04.059. 

[25] R.P. Kolli, A. Devaraj, A review of metastable beta titanium alloys, Metals 8 (2018) 
1–41, https://doi.org/10.3390/met8070506. 

[26] H.W. ROSENBERG, Titanium alloying IN theory and practice, in: Sci. Technol. 
Appl. Titan., Elsevier, 1970, pp. 851–859, https://doi.org/10.1016/B978-0-08- 
006564-9.50095-6. 

[27] P.J. Bania, Beta titanium alloys and their role in the titanium industry, JOM (J. 
Occup. Med.) 46 (1994) 16–19, https://doi.org/10.1007/BF03220742. 

[28] B. Jiang, Q. Wang, D. Wen, F. Xu, G. Chen, C. Dong, L. Sun, P.K. Liaw, Effects of Nb 
and Zr on structural stabilities of Ti-Mo-Sn-based alloys with low modulus, Mater. 
Sci. Eng. 687 (2017) 1–7, https://doi.org/10.1016/j.msea.2017.01.047. 

[29] C. Zopp, S. Blümer, F. Schubert, L. Kroll, Processing of a metastable titanium alloy 
(Ti-5553) by selective laser melting, Ain Shams Eng. J. 8 (2017) 475–479, https:// 
doi.org/10.1016/j.asej.2016.11.004. 

[30] F. Huber, T. Papke, C. Scheitler, L. Hanrieder, M. Merklein, M. Schmidt, In situ 
formation of a metastable β-Ti alloy by laser powder bed fusion (L-PBF) of 
vanadium and Iron modified Ti-6Al-4V, Metals 8 (2018) 1067, https://doi.org/ 
10.3390/met8121067. 

[31] I. Polozov, V. Sufiiarov, A. Popovich, D. Masaylo, A. Grigoriev, Synthesis of Ti-5Al, 
Ti-6Al-7Nb, and Ti-22Al-25Nb alloys from elemental powders using powder-bed 
fusion additive manufacturing, J. Alloys Compd. 763 (2018) 436–445, https://doi. 
org/10.1016/j.jallcom.2018.05.325. 

F. Huber et al.                                                                                                                                                                                                                                   



[32] S.L. Sing, W.Y. Yeong, F.E. Wiria, Selective laser melting of titanium alloy with 50 
wt% tantalum: microstructure and mechanical properties, J. Alloys Compd. 660 
(2016) 461–470, https://doi.org/10.1016/j.jallcom.2015.11.141. 

[33] I. Yadroitsev, P. Krakhmalev, I. Yadroitsava, Titanium alloys manufactured by in 
situ alloying during laser powder bed fusion, JOM (J. Occup. Med.) 69 (2017) 
2725–2730, https://doi.org/10.1007/s11837-017-2600-7. 

[34] P. Krakhmalev, I. Yadroitsev, I. Yadroitsava, O. de Smidt, Functionalization of 
biomedical Ti6Al4V via in situ alloying by Cu during laser powder bed fusion 
manufacturing, Materials 10 (2017), https://doi.org/10.3390/ma10101154. 

[35] L.C. Zhang, D. Klemm, J. Eckert, Y.L. Hao, T.B. Sercombe, Manufacture by selective 
laser melting and mechanical behavior of a biomedical Ti–24Nb–4Zr–8Sn alloy, 
Scripta Mater. 65 (2011) 21–24, https://doi.org/10.1016/j. 
scriptamat.2011.03.024. 

[36] N. Hafeez, S. Liu, E. Lu, L. Wang, R. Liu, W. Lu, L.-C. Zhang, Mechanical behavior 
and phase transformation of β-type Ti-35Nb-2Ta-3Zr alloy fabricated by 3D- 
Printing, J. Alloys Compd. 790 (2019) 117–126, https://doi.org/10.1016/j. 
jallcom.2019.03.138. 

[37] J.C. Wang, Y.J. Liu, P. Qin, S.X. Liang, T.B. Sercombe, L.C. Zhang, Selective laser 
melting of Ti–35Nb composite from elemental powder mixture: microstructure, 
mechanical behavior and corrosion behavior, Mater. Sci. Eng. 760 (2019) 
214–224, https://doi.org/10.1016/j.msea.2019.06.001. 

[38] W.M. Haynes, Handbook of Chemistry and Physics, 2017. 
[39] M.C.H. Karg, M. Rasch, K. Schmidt, S.A.E. Spitzer, T.F. Karsten, D. Schlaug, C. 

R. Biaciu, A.I. Gorunov, M. Schmidt, Laser alloying advantages by dry coating 
metallic powder mixtures with SiOx nanoparticles, Nanomaterials 8 (2018), 
https://doi.org/10.3390/nano8100862. 

[40] J.-P. Kruth, J. Deckers, E. Yasa, R. Wauthlé, Assessing and comparing influencing 
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Abstract: High entropy or multi principal element alloys are a promising and relatively young

concept for designing alloys. The idea of creating alloys without a single main alloying element

opens up a wide space for possible new alloy compositions. High entropy alloys based on refractory

metals such as W, Mo, Ta or Nb are of interest for future high temperature applications e.g., in

the aerospace or chemical industry. However, producing refractory metal high entropy alloys by

conventional metallurgical methods remains challenging. For this reason, the feasibility of laser-based

additive manufacturing of the refractory metal high entropy alloy W 20Mo20Ta20Nb20V20 by laser

powder bed fusion (PBF-LB/M) is investigated in the present work. In-situ alloy formation from

mixtures of easily available elemental powders is employed to avoid an expensive atomization of

pre-alloyed powder. It is shown that PBF-LB/M of W 20Mo20Ta20Nb20V20 is in general possible and

that a complete fusion of the powder mixture without a signi�cant number of undissolved particles is

achievable by in-situ alloy formation during PBF-LB/M when selecting favorable process parameter

combinations. The relative density of the samples with a dimension of 6 � 6 � 6 mm3 reaches,

in dependence of the PBF-LB/M parameter set, 99.8%. Electron backscatter diffraction (EBSD) and

transmission electron microscopy (TEM) measurements con�rm the presence of a single bcc-phase.

Scanning electron microscopy (SEM) images show a dendritic and/or cellular microstructure that

can, to some extent, be controlled by the PBF-LB/M parameters.

Keywords: additive manufacturing; laser powder bed fusion; PBF-LB/M; laser beam melting (LBM);

in-situ alloy formation; high entropy alloys (HEA); refractory metals

1. Introduction

High entropy alloys and related compositions are a relatively young concept for de-
signing alloys. The formation of such multi component alloys was reported independently
by Cantor et al. [1] and the research group around J.-W. Yeh in 2004 [2–4]. In contrast
to most conventional alloys, high entropy alloys do not possess a single main alloying
element but comprise a composition of multiple principal elements. The exact de�ni-
tion of high entropy alloys varies from source to source. The most common de�nition
includes alloys consisting of at least �ve elements with a concentration between 5% and
35% each [5]. Other de�nitions demand a con�gurational entropy of at least 1.5 R [ 6].
However, both de�nitions are overlapping in large parts. Additionally, further criterions
like the formation of a single phase solid solution were suggested [ 7]. These de�nitions
are discussed extensively in recent review papers [7] and books [6,8]. The focus of the
present work lies on the alloy W 20Mo20Ta20Nb20V20, which is considered a high entropy
alloy in agreement with all these criterions. The majority of publications on high entropy
alloys is focused on 3d transition metal alloys based on the CoCrFeMnNi alloy and its
derivatives �rst reported by Cantor et al. [ 1]. Recent publications demonstrate successful
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PBF-LB/M of this group of alloys [ 9,10], investigate the effect of C [11] and N [ 12] additions,
or examine the wear resistance [13]. Besides PBF-LB/M, different additive manufacturing
processes such as wire arc additive manufacturing [14], electron beam melting [ 15,16] or
laser liquid phase sintering [ 17] of 3d transition metal high entropy alloys are subjects of
ongoing research. In contrast to that, refractory metal high entropy alloys are by far less
investigated [ 7]. First results on the alloys WMoTaNb and WMoTaNbV were reported by
Senkov et al., in 2010 [18] and 2011 [19], respectively. Refractory metal high entropy alloys
possess a wide range of material properties depending on the alloy compositions and are
especially interesting for high temperature applications [ 19]. Since the �rst publications dif-
ferent refractory metal high entropy alloy compositions and alloy design approaches were
investigated with the aim to increase e.g., room temperature ductility [ 20] or to decrease
the density of the alloys by replacing heavy elements like Ta and W by lighter elements.
Senkov et al. reported a bene�cial effect of an Al addition on the mechanical properties of
MoNbTaTiZr and HfNbTaTiZr refractory metal high entropy alloys [ 21], while also reduc-
ing the density of the alloy. Also with the aim of decreasing the density, the properties of
four alloys of the CrNbTiVZr system are discussed in [ 22]. In [ 23] different heat-treatments
for modifying the microstructure of Al 0.5NbTa0.8Ti1.5V0.2Zr with the aim of increasing the
ductility at room temperature are reported. A comprehensive overview of current research
activities regarding development of refractory metal high entropy alloys can be found in
respective review papers [7,24,25].

Despite �rst investigations, currently only a small fracture of the possible compositions
of refractory metal high entropy alloys is investigated. One reason for this is the laborious
preparation of samples. Due to the high melting temperatures, the wide range of melting
points of refractory metals (e.g., Vanadium at 1910 � C [26] vs. Tungsten at 3422� C [26]),
and the tendency to segregate during solidi�cation, manufacturing of refractory metal
high entropy alloys is challenging. Samples are commonly prepared by vacuum arc
melting [ 18,19] or in the case of thin �lms by magnetron sputtering [ 27]. Some alloys are
also prepared by casting [23] and subsequent homogenization heat treatments with long
durations (>>1 day) in a furnace.

Considering this, laser powder bed fusion (PBF-LB/M) is an appealing approach for
manufacturing refractory metal high entropy alloys with high throughput. The intensity of
modern high power laser beam sources is suf�cient to effortlessly melt even tungsten [ 28].
Furthermore, small meltpool dimensions of a few hundred � m and high cooling rates
in the range of 106 K/s [ 29] during PBF-LB/M are presumed to mitigate segregation of
elements during solidi�cation which is of importance with regard to refractory metal high
entropy alloys [ 18]. In addition, by adjusting the process parameters and scan strategies,
the energy input can be controlled very precisely. Starting material for PBF-LB/M are metal
powders. Novel alloys can be produced either by atomization of pre-alloyed powder or by
in-situ alloy formation during PBF-LB/M from mixtures of commonly available elemental
powders [ 30]. The later approach supports material development and high throughput
investigations as the desired alloy composition can easily be produced by mixing of powder
components without the need of an expensive powder atomization [ 30]. This, however,
requires careful PBF-LB/M process development, since despite successful application of
in-situ alloy formation even for high entropy alloys (e.g., [ 31]), unmolten particles and
an inhomogeneous distribution of elements might occur. This is especially crucial if the
difference between the melting points of the alloying elements is large, as is the case for
refractory metal high entropy alloys [32].

Laser processing of refractory metal high entropy alloys was �rst demonstrated by
Dobbelstein et al., in 2016 [33] by means of directed energy deposition (DED) and in-situ
alloy formation. Very comprehensive results of their work are also published in [ 34].
In contrast to conventional DED, Dobbelstein et al. are not welding continuous weld
seams but stack spot welds onto each other to form cylindrical samples, which limits the
geometries that can be manufactured. Also, a re-melting step without powder �ow is
necessary for homogenization of the element distribution and to avoid unmolten particles.
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Further research on DED of refractory metal high entropy alloys is published by Moorhead
et al. [35] or Li et al. [ 36], who also successfully demonstrated the formation of refractory
metal high entropy alloys by DED.

PBF-LB/M of refractory metal high entropy alloys is even less investigated. First
results are published by Zhang et al. [ 37] for the alloy WMoNbTa. However, only small-
scale SEM-images and basic corrosion resistance measurements are shown and further
research is necessary to understand the effect of the PBF-LB/M processing conditions on
the material properties and the homogeneity of the element distribution after in-situ alloy
formation. In this context, the aim of the present work is to explore processing of the
refectory metal high entropy alloy W 20Mo20Ta20Nb20V20 by PBF-LB/M and to examine
the in�uence of the process parameters on the resulting microstructural properties.

2. Materials and Methods

Though there are more recent refractory metal high entropy alloys with superior
properties reported in the literature [ 7], the alloy W 20Mo20Ta20Nb20V20 was selected for
this work's experiments. Since the concept of refractory metal high entropy alloys is
comparably young, and the number of possible alloy combinations is vast, there are only
single publications on most of the different alloy combinations, thus providing only limited
information per alloy. W 20Mo20Ta20Nb20V20 is one of the �rst refractory metal high entropy
alloys developed by Senkov et al. [18] and therefore also one of the best investigated ones.
Consequently there are at least a few publications available that allow a comparison with
the results and support discussion.

For the experiments, a heterogeneous mixture of �ve single element powders was
used to prepare the WMoTaNbV samples. The speci�cations of the powders used for the
PBF-LB/M experiments were chosen based on literature and our own experience. To facili-
tate PBF-LB/M in the �rst place, it is mandatory that the powder mixture has suf�cient
�owability and can be recoated to thin layers [ 38,39], typically ranging between 20 � m and
100� m for PBF-LB/M. Furthermore, a low oxygen content of the powders is considered
bene�cial for manufacturing refractory metal high entropy alloys [ 34]. Among other factors,
the recoatability is determined by particle size and particle shape [ 38]. Spherical powder
particles are in general superior to irregular shaped particles with respect to �owability
and are consequently preferable. Also very small particle fractions (<10 � m) should be
avoided as they might impair recoatability and bear dif�culties with respect to occupational
safety [40]. Based on these criteria W-, Mo-, and Ta-powder was purchased from Tekna
Plasma Europe SAS (M¥con, France). The Nb-powder was provided by H.C. Starck Tan-
talum and Niobium GmbH (Goslar, Germany). Spherical V-powder could unfortunately
not be obtained. Hence, milled V-powder from NMD New Materials Development GmbH
(Heemsen, Germany) was used. Scanning electron images of the different powder fractions
are shown in Figure 1.

All powder particles except the V-powder are predominantly spherical and show a
good �owability. The irregular shaped, milled V-powder has a lower �owability than spher-
ical powder. Preliminary recoating test nevertheless proved a suf�cient recoatability of the
blend for all �ve powders. The particle size determined by laser diffraction using a Master-
sizer 3000 from Malvern Panalytical (Malvern, UK) is listed in Table 1. For the high-melting
elements W and Ta a smaller D90 (23.1� m and 36.1 � m respectively) was chosen to ease
fusion during PBF-LB/M and to avoid undissolved particles. Since selective evaporation of
lower boiling alloying elements is a common phenomenon in PBF-LB/M [ 41], the amount
of Vanadium, which has the lowest boiling point in the WMoNbTaV system [ 26], in the
initial powder mixture was increased by a factor of 1.5 compared to the other alloying
elements to pre-compensate the expected evaporation of V during PBF-LB/M. All powders
were dried in a vacuum furnace at 120 � C for 8 h and subsequently mixed for 1 h in a
Turbular-mix from Willy A. Bachofen AG (Mutenz, Switzerland).
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Figure 1. SEM-images of the metal powders used for in-situ alloy formation; W, Mo and Ta powder plasma atomized, Nb
powder argon atomized, V powder milled.

Table 1. Particle size distribution of the powders used for in-situ alloy formation; determined by
laser diffraction; mean value with standard deviation from �ve single measurements.

Powder D 10 D50 D90

W 8.6 � 0.1� m 14.0 � 0.2� m 23.1 � 0.5� m
Mo 19.6 � 0.3� m 30.5 � 0.7� m 44.3 � 0.7� m
Nb 18.7 � 0.1� m 35.5 � 0.4� m 63.1 � 0.3� m
Ta 10.5� 0.2� m 21.0 � 0.6� m 36.1 � 0.7� m
V 7.8 � 0.4� m 24.2 � 0.1� m 52.5 � 1.1� m

A PBF-LB/M machine of the type AconityMINI (Aconity GmbH, Herzogenrath,
Germany) was used for manufacturing cubic samples with an edge length of 6 mm on
molybdenum substrate plates obtained from Plansee SE (Reutte, Austria). The machine is
equipped with a redPower QUBE single mode �ber laser from SPI Lasers Ltd. (Southamton,
UK) featuring an operating wavelength of 1080 nm and a maximum power of 1 kW.
The scanner optics used is an AxialScan-30 from Raylase GmbH (Wessling, Germany).
The minimal beam diameter on the substrate plate is 70 � m. Argon was used as shielding
gas. The oxygen content of the process gas was constantly kept below 25 ppm during
PBF-LB/M processing to keep oxygen intake low. PBF-LB/M process parameters were
developed experimentally. The following results and discussion section focuses on the
two parameter sets described in Table 2. The two parameter sets were chosen based on a
preliminary screening study in which we varied laser power, scan speed and hatch distance
in a wide range from 100 W to 600 W, 100 mm/s to 1600 mm/s and 45 � m to 180 � m. Both
parameter sets were selected for this work because they allow manufacturing of PBF-LB/M
samples with high relative densities over 99.5% and represent different areas of the process
window with maximum difference in terms of laser power, scan speed and hatch distance
to support investigation and discussion of possible effects of the laser parameter set on the
material properties. The low laser power/low scan speed parameter set PBF-LB/M B was
furthermore derived from previous work on in-situ alloy formation strategies with high
melting particles and is assumed to support dissolution of W in the meltpool [32].
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Table 2. PBF-LB/M parameter sets used in this work.

Parameter Set Laser Power Scan Speed Spot Diameter Hatch Layer Thickness

PBF-LB/M A 600 W 800 mm/s 200 � 120� m 50 � m
PBF-LB/M B 200 W 100 mm/s 200 � m 45 � m 50 � m

The PBF-LB/M samples were separated from the build platform, embedded in epoxy
resin, grinded with diamond grinding pads and polished with 3 � m diamond suspensions
and oxide polishing suspension with hydrogen peroxide. The preparation depth is in the
range of 3 mm and hence in the middle of the 6 mm cubic samples. Samples for transmission
electron microscopy (TEM) were subsequently manufactured with a focused ion beam
(FIB). The samples were analyzed by optical light microscopy, scanning electron microscopy
(SEM), energy dispersive X-ray spectroscopy (EDX), electron backscatter diffraction (EBSD),
transmission electron microscopy (TEM) and micro hardness measurements. Relative
density values were determined by optical light microscopy and image analysis.

3. Results and Discussion

Figure 2 shows polished microsections of samples built with parameter set PBF-LB/M
A and PBF-LB/M B (see Table 2). While the samples exhibit a high relative density of 99.8%
in case of parameter set PBF-LB/M A and 99.5% in case of parameter set PBF-LB/M B,
both samples still contain defects.

Figure 2. Microsections of WMoNbTaV-samples manufactured with parameter set PBF-LB/M A ( left ) and PBF-LB/M
B (right ).

These are essentially cracks, mostly perpendicular to the build direction, and undis-
solved particles. PBF-LB/M A results in considerably smaller cracks than PBF-LB/M B
but contains undissolved powder particles which were identi�ed as tungsten particles by
EDS measurements. Tungsten has the highest melting point of the alloy's elements [26]
and consequently is the hardest to dissolve during PBF-LB/M. Undissolved particles
are a common phenomenon related to in-situ alloy formation by PBF-LB/M, especially
if alloying elements with very different melting points are combined. E.g., Yadroitsev
et al. [42] report undissolved Mo particles in Ti-alloys produced by in-situ alloy formation
and PBF-LB/M while the lower melting Cu was completely dissolved in the Ti-matrix.
Fischer at al. [43] made similar observations with undissolved Nb particles in a Ti matrix.
However, they also reported a parameter dependence of the amount of remaining high
melting particles. These interdependencies between the PBF-LB/M process parameters and
the amount of undissolved high melting particles at in-situ alloy formation are discussed
extensively in one of our previous publications [ 32]. According to [ 32] a high volumetric
energy input, slow scan speeds, and accordingly reduced laser power support the dis-
solution of high melting elements at in-situ alloy formation by PBF-LB/M. The reasons
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for this are a higher degree of re-melting, a longer interaction time with the laser beam,
and a more favorable powder movement during PBF-LB/M [ 32]. These relationships
apparently also apply for in-situ alloy formation of refractory metal high entropy alloys in
the present work. Parameter set PBF-LB/M B comprises a considerably lower scan speed
(100 mm/s vs. 800 mm/s ) but, despite the lower laser power, a higher volumetric energy
density (889 J/mm3 vs. 125 J/mm3) than parameter set PBF-LB/M A. This facilitates the
dissolution of the high melting W particles, thus leading to less undissolved particles as
shown in Figure 2. This �nding is in good agreement with the results in [ 32] regarding the
dissolution of high melting particles.

While the sample built with parameter set PBF-LB/M B contains less undissolved
particles, parameter set PBF-LB/M A is superior to PBF-LB/M B in terms of cracking.
In comparison to parameter set PBF-LB/M B much smaller cracks are apparent in sample
PBF-LB/M A. Cracking during PBF-LB/M is a common process-related defect and can
have multiple causes. One mechanism, the so called hot cracking, which is related to
the solidi�cation of the alloy, is often reported for PBF-LB/M of e.g., Al wrought alloys
like the EN AW 6xxx [ 44] or EN AW 2xxx [ 45] series. However, based on the crack
structure visible in Figure 2, hot cracking is excluded as the main cause of the cracks
appearing in WMoTaNbV samples. Instead, cracking of the already solidi�ed material
due to internal stress induced by the PBF-LB/M process and an insuf�cient ductility of
the material at lower temperatures is assumed to be the cause for the cracks. According to
the results of Zou et al. [ 46] and Senkov et al. [19] the alloy WMoTaNb possesses only a
very limited degree of ductility and fracture toughness at room temperature. While the
WMoTaNb grains themselves are comparably crack resistant according to [ 46], O and N
impurities aggregate at grain boundaries and cause embrittlement. This material behavior
probably also applies for the alloy WMoTaNbV that is investigated in the present work. The
brittle grain boundaries in combination with the internal stress induced during PBF-LB/M
consequently lead to cracking of the samples during processing. The different crack patterns
in dependence of the parameter set PBF-LB/M A and PBF-LB/M B with wider cracks in
the PBF-LB/M B samples are a result of the smaller hatch distance (45 � m vs. 120� m) and
the higher volumetric energy density applied ( 889 J/mm3 vs. 125 J/mm3) compared to
parameter set PBF-LB/M A. According to the temperature gradient mechanism model that
describes the formation of internal stress during PBF-LB/M [ 47,48] both factors together
are assumed to cause higher stress values and consequently wider cracks. Based on these
�ndings, a high temperature (>600 � C) build-platform heating device and/or high purity
powder with low O and N content are suggested for crack-free PBF-LB/M of WMoTaNbV.
Nevertheless, it is demonstrated that successful in-situ alloy formation of refractory metal
high entropy alloys with nearly complete dissolution of the highest melting particles
is possible, if favorable parameter combinations are selected. More recently developed
refractory metal high entropy alloys like Al 10Nb15Ta5Ti30Zr40 [49] promise an increased
room temperature ductility and hence crack-free processing by PBF-LB/M even without
high temperature build-platform heating, which needs to veri�ed in future work.

The grain and phase structure of a PBF-LB/M B sample was analyzed by EBSD
measurements, which are shown in Figure 3. The sample consists entirely of a single bcc
high entropy phase, which is in agreement with the results of Senkov et al. for vacuum
arc molten WMoTaNbV [ 18,19]. This con�rms the feasibility of producing refractory
metal high entropy alloys by PBF-LB/M and in-situ alloy formation. The average grain
size determined by the linear intercept method is 16.3 � m. This is more than a factor of
four smaller than the 80 � m reported by Senkov et al. for vacuum arc molten samples.
The smaller grain size can be attributed to the high cooling rates in the range of 10 6 K/s
during the PBF-LB/M process [50].
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Figure 3. EBSD grain orientation map and EBSD phase map of sample PBF-LB/M B.

SEM images reveal an in�uence of the process parameters and the PBF-LB/M speci�c
solidi�cation conditions on the microstructure. As visible in Figure 4 inter layer boundaries
are clearly distinguished by coarser structures. According to [ 51] temperature gradients in
the liquid and growth rates are smaller at the outer contours of the meltpool compared to
the inner regions, explaining the coarser structures (see also Figure 5). This demonstrates
the sensitivity of the alloy to the solidi�cation conditions and offers the chance to in�uence
material properties by adjusting the PBF-LB/M process conditions/parameters.

This effect is even more evident when comparing the parameter sets PBF-LB/M A and
PBF-LB/M B. Based on the process parameters it is safe to assume that the material is subject
to higher growth rates R when processed with parameter set PBF-LB/M A compared to
parameter set PBF-LB/M B. This is due to the eight times higher scan speed that correlates to
some extent with the growth rate [ 51]. Based on simpli�ed considerations it can further be
assumed that the temperature gradient in the liquid is higher for parameter set PBF-LB/M
B than for parameter set PBF-LB/M A. The upper temperature of the meltpool is de�ned
by the evaporation temperature of the alloy's components while the lowest temperature in
the meltpool is de�ned by the solidi�cation range of the alloy. This is equally true for both
parameter sets. Considering the differences in the process parameter sets, PBF-LB/M A
features larger meltpool dimensions than PBF-LB/M B. Consequently, it is assumed that
the temperature gradient in the liquid G is larger for parameter set PBF-LB/M B. According
to the literature [ 52,53] the solidi�cation mode and also the structure size is determined
by R and G. While higher growth rates R and lower temperature gradients G in the liquid
favor a columnar dendritic solidi�cation, lower growth rates R and higher temperature
gradients in the liquid G favor cellular solidi�cation.
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Figure 4. Backscattered electron (BSE) images of sample PBF-LB/M B showing visible melt tracks with coarser structures at
the inter layer boundaries.

Figure 5. Effect of temperature gradient in the liquid G and growth rate R on the solidi�cation mode
and the structure size [52,53].

This effect can clearly be seen in Figure 6. Parameter set PBF-LB/M A features a
larger structure size and more distinct secondary dendrites, while the material processed
with parameter set PBF-LB/M B solidi�es in an almost cellular structure with only a few
secondary dendrites. These different solidi�cation modes also affect the material properties.
The microhardness of the PBF-LB/M A sample with the coarser structure is 561 � 17 HV0.1
(n = 9) while the microhardness of the PBF-LB/M B sample is 614 � 21 HV0.1 (n = 9).

Due to their complex alloy composition and a tendency for segregation, the distri-
bution of the alloy's elements is of particular interest when it comes to refractory metal
high entropy alloys. For this reason, the samples were analyzed by EDS and TEM-EDS
respectively. As shown in Figure 7 Vanadium, which is the lowest melting element [ 54] in
the WMoTaNbV alloy, is concentrated in the interdendritic areas, while the intradendritic
areas lack Vanadium.
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Figure 6. Backscattered electron (BSE) images of the microstructure of sample PBF-LB/M A (left ) and sample PBF-LB/M
B (right) .

Figure 7. Qualitative EDS maps of the element Vanadium in a PBF-LB/M B sample showing a
Vanadium surplus in the interdendrtic areas.

Quantitative EDS point measurements (see Table 3) con�rm the vanadium surplus
in the interdendritic areas. Nb and Mo are almost equally distributed between inter-
and intradendritic regions, while Ta and especially W are predominantly located in the
intradendritic areas. These �ndings are in agreement with results of Senkov et al. [ 18] who
prepared WMoTaNbV samples by vacuum arc melting. Compared to vacuum arc molten
samples [18,19] the homogeneity of the element distribution achieved by PBF-LB/M is
still very good, which can be attributed to the higher solidi�cation rates and temperature
gradients inherent to PBF-LB/M.

Table 3. Quantitative point measurements in the interdendritic area and the intradendritic area of a
PBF-LB/M B sample, respectively; mean value and standard deviation of 6 measurements each.

Position V Nb Mo Ta W

Interdentritic at. % 21.8 � 1.2 20.7� 0.4 17.0� 0.3 21.1� 0.2 15.5� 1.3
Intradendritic at. % 11.6 � 1.6 22.0� 0.2 20.1� 0.8 23.8� 0.5 22.6� 0.7

n = 6

A PBF-LB/M A sample was analyzed by TEM-EDS with similar results as already
observed for parameter set PBF-LB/M B with EDS. Figure 8 shows qualitative TEM-EDS
measurements of the element distribution. Mo and Nb are almost equally distributed
between interdendritic and intradendritic areas, while there is a considerable W and a
weak Ta surplus in the intradendritic regions. V is predominantly concentrated in the
interdendritic areas of the material.
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Figure 8. Qualitative TEM-EDS measurements showing the element distribution in a PBF-LB/M
A sample.

4. Summary and Conclusions

In the present work, in-situ alloy formation of a WMoTaNbV refractory metal high
entropy alloy by PBF-LB/M additive manufacturing is investigated. Samples manufactured
with two different parameter sets were analyzed by light and electron microscopy, EBSD,
EDS and TEM-EDS. Although high relative densities over 99.8% and a single bcc high
entropy phase were achieved, the samples still contained cracks and undissolved W
particles. The cracks are a result of the alloy's low room temperature ductility and can
probably be avoided by applying a high temperature heating device or by selecting different
alloy compositions with more favorable room temperature properties. It is demonstrated
that the number of undissolved high melting particles can be greatly reduced by choosing
PBF-LB/M parameter sets with slow scan speeds and accordingly reduced laser power.
It is furthermore shown that the PBF-LB/M parameters affect the solidi�cation mode and
the resulting microhardness of the alloy. This demonstrates that the alloy WMoTaNbV is
sensitive to the processing conditions which are determined by the PBF-LB/M parameters.
Besides the mere alloy composition, this opens up opportunities to modify the resulting
properties of related additively manufactured refractory metal high entropy alloys. Though,
no completely defect free samples were produced the results still demonstrate the general
feasibility of in-situ formation of refractory metal high entropy alloys by PBF-LB/M. High
cooling rates related to PBF-LB/M mitigate segregation of the elements during solidi�cation
without the need of time consuming vacuum arc melting. The possibility of in-situ alloy
formation by PBF-LB/M could therefore be a valuable tool to facilitate high throughput
investigations that are key to identify application-relevant alloys within the vast number of
possible alloy compositions inherent to the high entropy concept—not only for 3d transition
metal alloys but also for refractory metal based high entropy alloys.
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in smaller growth rates and/or higher temperature gradients shift the solidification mode to-
wards cellular solidification, while higher growth rates and/or smaller temperature gradients 
in the liquid favor columnar dendritic solidification. These changes in the microstructure also 
affect the mechanical properties of the material. Hardness measurements show a higher hard-
ness of 614±21 HV0.1 for the more cellular solidified material compared to 561±17 HV0.1 
for dendritic microstructure. With respect to future applications, this demonstrates the possi-
bility  to adjust the microstructure and mechanical properties in a certain range only by alter-
ing the PBF-LB/M process parameters. This allows for parts with material properties tailored 
to the specific loads in different part sections.     


























